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Abstract 
 

This study is concerned with the modeling of the heat transfer and microstructural evolution of 
austenitic stainless steels in Additive Manufacturing (AM), within an Integrated Computational 
Materials Engineering (ICME) framework. The thermodynamics and kinetics of solidification 
are investigated. The effect of the cooling rate is taken into account, through dendrite growth 
theory. CALPHAD-based modeling is applied to predict non-equilibrium thermophysical 
properties under rapid cooling conditions. Heat transfer and diffusion analyses are carried out 
in sequence. An in-house heat transfer model is developed to perform thermal simulations 
using FEM, considering the effect of the powder. The calculated temperature history is 
provided as input for the microstructural simulation of solidification and solid-state 
transformations, upon rapid cooling and thermal cycling. A CALPHAD modeling 
methodology of solidification and solid-state transformations upon thermal cycling is 
developed, to consider the variance in solidification type, cooling rate and growth mechanism. 
The methodology is applied on an AISI 316L austenitic stainless steel with microstructural 
results in agreement with experimental evidence, as a case study to establish a benchmark 
simulation scheme for Selective Laser Melting (SLM) and other additive manufacturing 
processes. 
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Chapter 1. Introduction 
 

1.1. Problem definition 
Metal part Additive Manufacturing (AM), commonly referred to as metallic “3D-printing” is 
emerging in recent years as a novel technique of producing near-net-shape three-dimensional 
parts derived directly from CAD models by fusing raw materials with various energy sources 
(e.g., electron beam EB, laser beam LB, electric arc). Complex geometry parts produced using 
AM, which could be impractical or impossible and cost-expensive to produce following 
traditional machining approaches, achieve the demanding natural shapes required in many 
bioengineering applications as in dental prosthetic components, or yield excellent strength to 
weight ratios ideal for automotive and aerospace applications. However, advanced industrial 
AM production is challenged by issues concerning the controllability and reproducibility in 
manufacturing [1], let alone process-associated inherent time and cost restrictions [2]. 
Accelerating the adoption of AM requires building on existing knowledge related to heat 
transfer, non-equilibrium phase transformations and high-performance modeling within a 
fundamental computational approach using Integrated Computational Materials Engineering 
(ICME) tools, in order to avoid time- and cost-consuming extensive experimentation to 
determine standard specific sets of manufacturing parameters [3,4].  

AM processes can be classified based on the method of material deposition, either as Powder 
Bed (PB) when a metallic powder layer is spread over a pre-existing surface using a powder 
roller or blade, or as Powder Deposition (PD) when the metallic powder is deposited directly 
on the heat spot via a moving nozzle. Therefore, AM processes involve repeated deposition of 
metallic material, followed by a heat source pass to melt and fuse the powder in selected areas, 
building layer-by-layer the 3D structure. The procedure is characterized by the development of 
an inhomogeneous temperature field that evolves both spatially and temporally, determining 
the microstructural evolution. The resulting rapid heating and cooling cycles lead to phase 
transformations under non-equilibrium conditions. In non-equilibrium processes, the solidus 
temperature is affected by the cooling path as increasingly higher cooling rates allow for 
solidification to continue at lower temperatures. An implication of high-rate or rapid 
solidification is the development of thermal expansion/contraction of the material resulting in 
development of significant residual stresses and distortions in the part resulting in warping-
induced failure [5,6]. The ensuing rapid thermal cycling can further influence the development 
of undesirable microstructural features, such as significant elemental microsegregation, leading 
to composition and subsequently physical and property inhomogeneities like poor corrosion 
resistance. Microsegregation is mainly caused by limited diffusion of substitutional elements 
in the solid phases, causing compositions to deviate from the equilibrium, near the solid/liquid 
interface, as solidification progresses, thus fast diffusing elements like carbon usually do not 
segregate significantly. It is important to accurately model solidification related phenomena, in 
order to predict and optimize microstructures produced by AM and consequently the 
mechanical properties, such as elasticity, yield strength and stiffness [7]. Despite extensive 
research in the field there are still many challenges during production, arising from 
multifaceted interaction of various physical phenomena involving many fields of study, 
including heat and mass transfer, phase transformations, elastic and plastic deformation, and 
residual stresses. 
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1.2. Thesis objective and Outline 
Although extended literature has been dedicated to additive manufacturing research [2,8–10], 
yet a model for the accurate prediction of the as-built microstructure with respect to the 
processing parameters remains to be developed. The importance of investigation of the 
microstructural evolution resides in the value of interpretation of the contributing mechanisms, 
in order to proceed to design and optimization of the manufacturing products for the various 
applications. The present analysis aims in achieving insight into the phenomena that determine 
the microstructural evolution of austenitic stainless steels in additive manufacturing, as well as 
in processes that involve rapid cooling, and focuses on the development of a benchmark 
simulation framework to predict the microstructural evolution of austenitic stainless steels in 
welding and additive manufacturing, setting the general methodology foundations for 
computational material design and optimization in additive manufacturing applications. 

An integrated heat transfer and microstructural simulation methodology of additive 
manufacturing is designed to determine accurately the transient temperature field and the 
microstructural evolution, thus the morphology and spatial/temporal distribution of phases and 
alloying elements. Heat transfer and microstructural analyses are carried out in sequence. 
Initially, non-equilibrium microstructural modeling is applied to predict the thermophysical 
properties under rapid cooling conditions. Heat transfer simulations are performed via the 
development of an in-house 2D-FEA model in ABAQUS for additive manufacturing, 
considering the effect of the powder. The calculated temperature history is provided as input 
for the microstructural simulation of solidification and solid-state transformations. A 
CALPHAD-based approach of solidification and solid-state transformations upon thermal 
cycling is developed, to consider the variance in solidification type (alloy composition), 
cooling rate (from the electric arc to laser beams) and growth mechanism (epitaxial growth, 
nucleation and growth). The methodology is applied on an AISI 316L austenitic stainless steel 
as a case study to establish a benchmark simulation scheme for Selective Laser Melting (SLM) 
and other additive manufacturing processes [11]. A schematic illustration of the applied 
methodology, including a final mechanical analysis that is not elaborated upon the present 
study, is given in Figure 1.1.  

 
Figure 1.1. Flowchart of the proposed simulation methodology for additive manufacturing 

processes. 
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The integrated simulation methodology employed a benchmark 316L system with composition 
given in Table 1.1, under the manufacturing conditions described in 2D SLM experiments 
conducted by Bertsch et al. [12], as reference act as a case study on the application of the 
methodology.  

Table 1.1. Benchmark AISI 316L composition in (wt%) 

316L Cr Ni Mo C Mn Fe 
Composition (wt%) 18.39 13.94 2.6 0.03 1.47 bal. 

 

In Chapter 2, solidification is thoroughly examined for its dominant influence on the 
microstructure formation and associated microsegregation. The thermodynamics and kinetics 
of solidification are investigated and the effects of the cooling rate are established taking into 
account the dendrite growth theory. In Chapter 3, a finite element heat transfer model is 
developed in ABAQUS, to describe the transient temperature evolution in additive 
manufacturing processes with high fidelity, since the thermal history is essential in determining 
the resulting microstructure. In Chapter 4, thermodynamic and kinetic models of solidification 
are employed to simulate the microstructural evolution upon solidification and subsequent 
solid-state transformations, using the CALPHAD approach through the Thermo-Calc software, 
including Scheil-Gulliver model and DICTRA model that consider diffusion in multiphase and 
multicomponent systems. The effect of processing parameters on critical microstructural 
features such as the freezing range, phase fractions, and elemental segregation is investigated. 
Solidification and solid-phase transformations are examined upon thermal cycling via multi-
phase and multi-component diffusion simulations. In 5.1, the results of the analysis are 
presented. The ensuing microstructural properties, including phase fractions and constitutions, 
as well as the temperature field can be provided as an input for a mechanical analysis, to 
calculate the residual stresses and distortions. 
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Chapter 2. Solidification theory in austenitic stainless steels 
 

2.1. Microstructure of as-cast austenitic stainless steels 
Austenitic stainless steels of the AISI 300 series containing Cr (16 to 25 wt%) and Ni (8 to 20 
wt%) [13,14], are the most common type of stainless steels, employed for a wide variety of 
applications for their excellent combinations of corrosion resistance, high/low temperature 
performance and mechanical strength [15,16]. While Cr is added to induce the stainless 
character by formation of the protective Cr2O3 oxide film, Ni aims in promoting the austenitic 
microstructure at ambient temperatures to avoid ductile-to-brittle transition and maintain high 
performance [13,14]. Additional alloying with Mo, Mn, Si, N, Ti or Nb, yields further 
enhancement of desirable properties like oxidization or creep resistance. For example, the 
addition of Mo (AISI 316 grades) or a small amount of N (AISI 3xxN grades) can improve 
pitting resistance [17]. Some typical AISI 300 systems are given in Table 2.1.  

Table 2.1. Nominal compositions of AISI 300 series stainless steels [13,18]. 

Type Microstructure 
Nominal composition (wt%) 

Cr Ni C Mn Si Mo Nb N Other Fe 
301 Austenitic 17 7 0.08 1 0.5 - - 0.05 - bal. 
302 Austenitic 18 9 0.08 1 0.4 - - - - bal. 
303 Austenitic FM 19 9 0.08 1 0.5 - - - S bal. 
304 Austenitic 19 9.25 0.04 1 0.4 - - - - bal. 
304L Austenitic 19 10 0.02 1 0.4 - - - - bal. 
304N Austenitic 19 9.2 0.04 1 0.4 - - 0.13 - bal. 
304LN Austenitic 19 10 0.02 1 0.4 - - 0.13 - bal. 
305 Austenitic 18 11.8 0.06 1 0.4 - - - - bal. 
306 Austenitic 17.8 14.8 0.01 1 4 - - - - bal. 
308 Austenitic 20 11 0.04 1 0.5 - - - - bal. 
309 Austenitic 23 13.5 0.1 1 0.5 - - - - bal. 
310 Austenitic 25 20.5 0.15 1 0.75 - - - - bal. 
314 Austenitic 24.5 20.5 0.15 1 2.25 - - - - bal. 
316 Austenitic 17 12 0.04 1 0.4 2.2 - - - bal. 
316L Austenitic 17 12 0.02 1 0.4 2.2 - - - bal. 
316LN Austenitic 17 12 0.02 1 0.4 2.2 - 0.13 - bal. 
317 Austenitic 19 13 0.04 1 0.4 3.3 - - - bal. 
321 Austenitic 18 10.5 0.04 1 0.4 - - - Ti bal. 
329 Duplex 25.5 3.5 0.04 0.5 0.4 - - - - bal. 
330 Austenitic 18.5 35.5 0.05 1 1.2 - - - - bal. 
334 Austenitic 19 20 0.04 0.5 0.5 - - - Al, Ti bal. 
347 Austenitic 18 11 0.04 1 0.4 - 0.6 - - bal. 
348 Austenitic 18 11 0.04 1 0.4 - 0.6 - Ta bal. 

 

Most austenitic stainless steel grades are considered weldable, if precautions are applied in 
design to avoid defect or failure issues that decrease weldability, like hot-cracking, 
sensitization, ductility dip cracking, reheat cracking and copper contamination cracking [19]. 
Hot-cracking is one of the commonly encountered failure types during welding, occurring 
when residual liquid is retained between solidified grains for extended freezing ranges, 
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resulting in tearing upon development of contraction-induced stresses due to solidification. It 
is possible to reduce the freezing range and avoid hot-cracking by modifying the system’s 
thermodynamics. Moreover, sensitization refers to precipitation of chromium carbides on the 
grain boundaries in the Heat Affected Zone (HAZ), increasing the susceptibility for 
intergranular corrosion. The development of the L austenitic stainless steel grades (AISI 3xxL), 
with decreased content of C that inhibits the precipitation of chromium carbides, or micro-
alloying with Ti or Nb promoting corresponding MC carbides to avoid chromium engagement, 
can reduce sensitization susceptibility and its effects. Welding standards exist for all 
weldability risk factors, and typical material grades have been developed as those presented in 
Table 2.1, to provide solutions that are reliable for most applications.  

From traditional casting to welding and modern additive manufacturing processes that involve 
the melt state, microstructural evolution initiates with solidification. The as-solidified 
microstructure is the product of only the solidification transformation while the as-cast 
microstructure is defined as the result of both solidification and subsequent solid-state 
transformations that occur during the following cooling stage, without any additional post-
processing. The importance of solidification resides in determining key-aspects of the as-
solidified and as-cast microstructures like the initial solid morphology, phase contents and 
spatial distribution of alloying elements across various scaling orders, namely the macro- and 
micro-segregation, that are able to influence microstructural features until the final product. 
Most process-chains that involve casting, consider the as-cast as an intermediate 
microstructural stage and design the following steps in reference to the as-cast product. In 
welding, the as-cast microstructure often undergoes minimal post-treatment due to physical or 
financial restrictions and design must be applied to control the microstructure throughout the 
process, making the as-cast the near-end product. In additive manufacturing, the 
unconventional building conditions provide the ability to create unique microstructural features 
like small grain size [12] (sub-grain structures that are often < 1 𝜇𝑚), control of the 
crystallographic texture orientation control [20] and spatial solute segregation to differentiate 
local distribution of properties [21].  

It is therefore necessary to study the as-solidified and as-cast microstructures as well as 
solidification as the dominant phase transformation, in order to apply alloy design to as-cast 
products. This chapter is concerned with the investigation of the microstructural evolution of 
AISI 300 series austenitic stainless steels in welding and additive manufacturing. The 
theoretical principles of solidification are analyzed in the context of welding, as a fundamental 
case. Additive manufacturing is considered a subcase of welding and the same theoretical 
principles are therefore applied.  

2.1.1. Thermodynamics of solidification in austenitic stainless steels 
Thermodynamic behavior of AISI 300 series austenitic stainless steels is based on the ternary 
Fe-Cr-Ni system. The complete phase diagram of such system is a three-dimensional entity 
that can be represented in two dimensions with ternary diagrams. Ternary diagrams provide 
useful insight for constitutional investigation and correlation of alloying elements and their 
effect in the system’s thermodynamics. However, it is difficult to contemplate microstructural 
evolution without considering the temperature, therefore, isopleth sections of the phase 
diagram, are commonly used as the starting point of most thermodynamic analyses. An 
exemplary isopleth section of the phase diagram at 18 wt% Cr, of the ternary Fe-Cr-Ni system 
is presented in Figure 2.1 (calculated based on the CALPHAD methodology of computational 
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thermodynamics, implemented in Thermo-Calc [22] and validated from [23]), based on the 
reference AISI 304 composition Fe-18Cr-8Ni (known as 18-8 grade steels). From Figure 2.1 it 
is evident that δ-ferrite and austenite are the only thermodynamically stable solid-solutions 
around the solidification temperature range across the Ni compositional range. The Cr/Ni ratio 
(given on the lower horizontal axis of Figure 2.1) is widely used to quantify the solidification 
behavior, since it captures the correlation between austenite-stabilizing Ni content and ferrite-
stabilizing Cr content that influence the extent of their respective thermodynamic regions. Low 
Cr/Ni compositions prefer to solidify with austenite first, while high Cr/Ni compositions prefer 
primary δ-ferrite solidification.  

 
Figure 2.1. 18Cr-Isopleth section of Fe-Cr-Ni and definition of solidification paths [23]. 

The linear structure defining the three-phase region is referred in the literature as the tie-triangle 
[13,14] and describes simultaneous growth of both austenite and ferrite from the melt. Notice 
that in contrast to binary systems, where the three-phase reaction (eutectic or peritectic) is 
defined by a line, in ternary systems the additional degree of freedom provided by the third 
alloying element allows for the reaction to occur in a compositional and a temperature range. 
The apexes of the tie-triangle are defined by points A, B and C, as noted in Figure 2.1: point A 
is the location of the eutectic liquidus temperature and points B, C correspond to the three-
phase compositional solubility limit values for δ-ferrite and austenite respectively. The 
triangle’s sides, namely solvus lines AB and AC, as well as the line of two-fold saturation BC, 
define transformation limits for solidification. In multi-component systems, the tie-triangle is 
visible in the Cr and Ni isopleth sections of the phase diagram. Phase equilibria are carried out 
across the span of Ni content, revealing the compositional dependance of solidification 
classified by the solidification mode, the relative position of the equilibrium solidification path 
in reference to the position of the tie-triangle ABC. Solidification mode is a significant 
characteristic, since it qualifies the solidification thermodynamics and controls the 
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microstructural evolution (phase fractions and composition) of the as-solidified and thus, the 
as-cast microstructure. 

The Primary Solidification Mode (PSM) is defined by the first solid phase to grow from the 
melt and is determined by the relative position of the system’s solidification path, compared to 
the eutectic point’s (point A) abscissa 𝐶𝑁𝑖

𝑒 . If 𝐶𝑁𝑖
 < 𝐶𝑁𝑖

𝑒  the alloy solidifies with δ-ferrite first, 
if 𝐶𝑁𝑖

 > 𝐶𝑁𝑖
𝑒  it solidifies with austenite first and if 𝐶𝑁𝑖

 = 𝐶𝑁𝑖
𝑒  the eutectic reaction commences 

with simultaneous growth of austenite and δ-ferrite from the melt. Similar criteria can be 
formulated in terms of Cr/Ni ratios, which constitute a more applicable tool in multi-component 
systems, where (𝐶𝑟/𝑁𝑖) 

𝛾−𝑠𝑎𝑡 refers to the Cr/Ni ratio corresponding to point C and 
(𝐶𝑟/𝑁𝑖)𝛿−𝑠𝑎𝑡 refers to the Cr/Ni ratio corresponding to point B. PSM types are given in Table 
2.2 for the ternary system. Total Solidification Mode (TSM) in addition to PSM, requires 
determination of secondary phase formation -if evident- and is taken into account from the 
relative position of the solidification path in relation to all of the tie-triangle’s apexes (points 
A, B, C). Therefore, a total of five distinct solidification modes are constituted: types A 
(solidification of only Austenite), AF (solidification of first Austenite then δ-Ferrite), E 
(simultaneous solidification of both Austenite and δ-Ferrite), FA (solidification of first δ-
Ferrite then Austenite) and F (solidification of only δ-Ferrite), with classification criteria for 
the ternary system given in Table 2.2. Note that the first letter of type signs refers to the PSM, 
while the second, if existing, refers to the second solidifying phase.    

Table 2.2 Equilibrium solidification modes 

Cr/Ni TSM PSM Reaction sequence 

(
𝐶𝑟

𝑁𝑖
) < (

𝐶𝑟

𝑁𝑖
)
𝛿−𝑠𝑎𝑡

 F F 𝐿 → 𝐿 + 𝐹 → 𝐹 

(
𝐶𝑟

𝑁𝑖
)
𝛿−𝑠𝑎𝑡

< (
𝐶𝑟

𝑁𝑖
) < (

𝐶𝑟

𝑁𝑖
)
 

𝑒

 FA F 𝐿 → 𝐿 + 𝐹𝑝 → 𝐿 + 𝐹𝑝 + (𝐴 + 𝐹)𝑒 → 𝐴 + 𝐹 

(
𝐶𝑟

𝑁𝑖
)
 

= (
𝐶𝑟

𝑁𝑖
)
𝑒

 E E 𝐿 → 𝐿 + (𝐴 + 𝐹)𝑒 → 𝐴 + 𝐹 

(
𝐶𝑟

𝑁𝑖
)
𝑒

< (
𝐶𝑟

𝑁𝑖
) < (

𝐶𝑟

𝑁𝑖
)
 

𝛾−𝑠𝑎𝑡

 AF A 𝐿 → 𝐿 + 𝐴𝑝 → 𝐿 + 𝐴𝑝 + (𝐴 + 𝐹)𝑒 → 𝐴 + 𝐹 

(
𝐶𝑟

𝑁𝑖
)
 

𝛾−𝑠𝑎𝑡

< (
𝐶𝑟

𝑁𝑖
) A A 𝐿 → 𝐿 + 𝐴 → 𝐴 

 

Table 2.2 also contains information regarding the solidification reactions for each mode. For 
types A and F, austenite or δ-ferrite respectively, is the only solid phase growing from the melt 
throughout solidification. For type AF, evolution of primary austenite 𝐴𝑝 commences below 
liquidus and continues until the solidification path crosses the δ-ferrite solvus, from which point 
the three-phase reaction is activated and both austenite and δ-ferrite grow from the melt. FA 
type exhibits the opposite sequence, with primary ferrite 𝐹𝑝 and a secondary eutectic mixture. 
In processes close to equilibrium conditions (e.g., casting) it is possible to distinguish between 
primary and secondary ferrite or austenite [24]. Finally, the eutectic type E in processes close 
to equilibrium, does not involve any distinct primary solidification phase growth.  
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The thermodynamic description of the 18Cr-Isopleth section of the Fe-Cr-Ni system is 
extended to confine all systems across the entire ternary Fe-Cr-Ni compositional range. The 
ternary Fe-Cr-Ni phase diagram is given in Figure 2.2(a) [23], calculated based on the 
CALPHAD methodology of computational thermodynamics, implemented in Thermo-Calc 
[22], employing the TCFE6 thermodynamic database for ferrous alloys. Note that only Cr and 
Ni content are independent variables, with the value of Fe acting as complement for every 
system. Thermodynamic mapping of the phase equilibria is carried out in isothermal sections, 
for a set of reference temperature values, spanning from 1500 to 1360℃ at constant intervals 
of 20℃, to reveal the solidification behavior across the entire compositional range. 

  
(a) (b) 

 
(c) 

Figure 2.2. Phase equilibria of ternary Fe-Cr-Ni system: (a)Ternary Fe-Cr-Ni phase diagram, 
(b) monovariant lines of liquidus and solidus surfaces and evolution of the tie triangle with 

temperature, and (c) detail of monovariant lines of the liquidus and solidus surfaces at the Fe-
rich corner of the ternary Fe-Cr-Ni system. Thermodynamic change of the tie-triangle from 

acute to obtuse, indicating change in the reaction from eutectic to peritectic. 
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In Figure 2.2(a) the constitutional dependence of liquidus and solidus temperatures, as well as 
all thermodynamic regions of the system is captured. Systems rich in Fe exhibit higher liquidus 
temperatures, while iron-poor systems with equal Cr and Ni contents remain on the liquid state 
even as low as 1360℃. From Figure 2.2(a), the evolution of the tie-triangle with composition 
and temperature for the ternary system is isolated in Figure 2.2(b). The liquidus projection 
surfaces of austenite and δ-ferrite converge to the eutectic point A of the tie triangle for all 
systems, forming the L-monovariant line. Similarly, the austenite and ferrite solvus projection 
surfaces converge with the line of two-fold saturation for all systems in points B and C of the 
tie-triangle, forming the δ and γ-monovariant lines upon application of austenite or δ-ferrite 
depletion criteria respectively. These lines indicate the composition of the phases and the 
temperature of solidification reactions.  

All lines begin at the peritectic reaction in the Fe-rich side of a Fe-Ni system and culminate at 
eutectic reactions in Cr-Ni systems of similar content amounts [19]. The nature of the three-
phase reaction is therefore composition dependent. Transition between reaction schemes takes 
place in the Fe-rich side of the diagram, where the shape of the tie-triangle changes from acute 
to obtuse, due to change of the relative position in the trajectories of L and γ-monovariant lines, 
as pictured in Figure 2.2(c). For most austenitic stainless steels, Ni content is higher than 6 
wt%, thus the three-phase reaction should always be eutectic in character. However, in the 
welding literature [13,19,25] the terms eutectic and peritectic have been used to describe some 
as-cast microstructures, often in accordance with metallographic observations [25], indicating 
uncertainty regarding the specific solidification mechanism. A possible explanation is that in 
processes far from equilibrium where microsegregation phenomena apply, there can be 
sufficient spatial solute distribution to reach the peritectic thermodynamic region and locally 
change the type of the solidification three-phase reaction, during the microstructural evolution. 
Yu et al. [25] presented experimental evidence of austenite forming alongside dendritic grain 
boundaries between primary δ-ferrite dendrites and residual liquid on a 304 F type system, 
proving that the three-phase reaction has a peritectic component as well. Similar results were 
provided in [25] for a 310 A system where δ-ferrite evolved on interdendritic cavities due to 
solute trapping. Both cases exhibit a transition from single phase to two-phase solidification, 
entering thermodynamic regions inside the tie triangle. This indicates that the development of 
microsegregation, creating a moving boundary layer that moves with the solid/liquid interface, 
can alter the composition locally inside interdendritic regions, resulting in occurrence or change 
of the three-phase reaction character according to thermodynamic indication. Yonemura et al. 
[26] presented cases of two-phase solidification systems, where δ and γ are eutectic in the first 
solidification stage and peritectic in the late solidification stage. Therefore, either single-phase 
solidification (F, A) systems that are close to the border with the tie triangle, or two-phase 
solidification (FA, AF) systems that are far from the eutectic composition are susceptible to 
the peritectic reaction on the last melt fraction, present in interdendritic/intercellular regions. 
However, the three-phase reaction remains dominantly eutectic in character for the majority of 
two-phase solidification systems. Modeling the three-phase reaction is discussed on Chapter 4. 

2.1.2. Kinetics, melt pool and morphology of the as-cast microstructure 
As-cast microstructures are formed due to solidification and solid-state transformations. In 
welding and additive manufacturing, a moving heat source (e.g., electric-arc, EB, LB) fuses 
the material by melting and then solidification upon cooling. The three-dimensional space 
signified by the presence of the melt is called melt pool. The melt pool shape and location are 



10 
 

dynamic as it follows the path of the heat source. Using the Langragian specification of a 
moving observer that follows the heat source, the melt pool takes a non-axisymmetric three-
dimensional shape that can be approximated by a semi double-ellipsoid [27] in the absence of 
intense mechanisms like the key-holing effect [28]. The boundary that defines the melt pool is 
called melt pool periphery, and constitutes the most remote locus of melt pool points, relatively 
to the position of the heat source. During solidification, the melt pool periphery is characterized 
by heat balance, with material closer to the heat source being cooled and the material beyond 
the melt pool periphery being heated. As a result, the melt pool periphery is characterized by 
the lowest temperature (by definition equal to liquidus) inside the melt pool, and thus it is where 
solidification commences. When the deposition material is chemically similar to the substrate 
-that is normally the case in welding and always in additive manufacturing- the primary solid 
forms according to a mechanism called epitaxial growth [29] which will be analyzed in Section 
2.2.1. Presently the initial solidification stage is omitted, assuming that the transformation 
advances right away with a dendritic front as a result of constitutional supercooling ahead of 
the liquid/solid interface [30]. An illustration of the transverse section of the melt pool during 
dendritic solidification is presented in Figure 2.3(a). The melt pool is geometrically defined in 
the transverse section by a width (𝑤 = 2𝑎) and a depth (𝑑 = 𝑏). The dendrites grow from the 
melt pool periphery, towards the spot of the heat source, in the direction of the local highest 
spatial temperature gradient. Furthermore, a polar system of coordinates, with a center at the 
heat source spot and counter-clockwise angular direction, is defined and employed throughout 
the present analysis, to aid in melt pool morphological characterization. From Figure 2.3(a) it 
is evident that for 𝑎 ≈ 𝑏 the microstructure exhibits angular symmetry as well. Notice that 
dendrites can also incline in the direction of the heat source movement, as illustrated in Figure 
2.3(b), as the heat moving heat source changes the direction of heat flow and thus the final 
growth direction. Assuming a trajectorial coordinate system alongside the dendrite axis 𝑡𝑑  and 
a polar coordinate system (𝑟𝑑, 𝜃𝑑) at the base of a dendrite, it is possible to describe the 
microstructural evolution during solidification. As the heat source travels at a constant velocity 
V equal to the printing/scanning speed, it establishes a steady state across the longitudinal 
direction and thus the representation of the entire microstructural evolution is reduced to 
studying a single dendrite of mean length (in case of single-phase solidification) or a 
neighboring couple of dendrites (for two-phase solidification), throughout the trajectorial 
coordinate  𝑡𝑑 , including the equiaxed section, if any.  

  
(a) (b) 
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(c) 

Figure 2.3. Dendritic solidification: (a) Transverse section of the melt pool ellipsoid and 
coordinate system, (b) Dendrite evolution in the longitudinal direction and (c) Geometry 

features of dendrites. 

Geometrical features of dendrites are given in Figure 2.3(c). Dendrite length is the distance 
between the completely solidified moving periphery, and the dendrite tip. The region of the 
melt pool where dendritic solidification takes place is called mushy zone [30]. Solidification 
in austenitic stainless steel welds is a diffusive transformation, carried out with solute 
partitioning in the solid/liquid interface between the melt and both solid phases. Transformation 
kinetics are based on diffusion distances, and in association with cooling rate they control the 
development of microsegregation, the spatial evolution of concentration of alloying elements. 
In dendritic growth, the distance between primary dendrites (PDAS) and the distance between 
secondary dendrite arms (SDAS) are the principal diffusion distances. In cellular growth, 
where secondary dendrites have not been developed, microstructural evolution is controlled by 
diffusion occurring across the PDAS, while in columnar-dendritic growth, upon development 
of secondary dendrite arms, the transformation is control by diffusion across the SDAS. 
Flemings [30] reported that DAS depends on the cooling rate (𝑙𝑜𝑔 𝜀) in a linear fashion, 
through the determination of parameters 𝑎 and 𝑛 in the following expression: 

𝜆𝑖 = 𝑎𝜀𝑛 (2.1) 
where 𝑖 = 1 for PDAS, 𝑖 = 2 for SDAS, 𝜆𝑖 is in (μm) and 𝜀  in (℃/s). Katayama and 
Matsunawa [31] determined the parameters from experimental measurements on a 55-Fe 310S 
austenitic stainless steel, given in Equations 2.2 and 2.3: 

𝜆1 = 80𝜀−0.33 (2.2) 

𝜆2 = 25𝜀−0.28 (2.3) 
Choosing the appropriate diffusion distance for simulation of the microstructural evolution is 
a topic that will be further discussed on Chapter 4. Presently, the analysis suggests that 
development of microsegregation across PDAS accompanies the evolution primary dendrites 
(cellular microstructure) and synergistic segregation in PDAS and SDAS is present on 
columnar-dendritic microstructure upon evolution of secondary dendrite arms.  

Inoue and Koseki [32] examined the crystallographic orientation of austenite and ferrite 
dendrites in FA type solidification, and reported absence of correlation, indicating that the 
eutectic character of the three-phase reaction refers to independent rather than restricted growth 
of dendrites. Hence, throughout the present study the term “eutectic” is used to describe the 
simultaneous independent growth of austenite and ferrite during solidification.  
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Thermodynamics through compositional dependance of the solidification mode (𝐶𝑟𝑒𝑞
 /𝑁𝑖𝑒𝑞

 ) 
and kinetics via control of morphology and spatial/temporal evolution of phases and 
composition, determine the resulting as-cast microstructure. For low-cooling rate welding (up 
to 103°𝐶/𝑠 as in electric arc welding), schematic representations of typical obtained 
microstructures encountered in literature [13,14,31,33], are presented in Figure 2.4, for 
solidification modes F, FA, AF and A.  

  
(a) (b) 

  
(c) (d) 

Figure 2.4. Schematic representation of the microstructural evolution per solidification mode 
in welding: (a) type F solidification, (b) type FA solidification, (c) type AF solidification and 

(d) type A solidification. 
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The eutectic E solidification type is omitted, as it principally resembles the microstructural 
evolution of AF and less of FA types for intermediate and high cooling rates (or rather FA, AF 
modes are characterized by the eutectic behavior), but in practice it rarely occurs. 

The microstructural evolution of F-type solidification mode in low-cooling rate welds is 
presented in Figure 2.4(a). As-solidified microstructure consists of single δ-ferrite dendrites, 
divided by sub-grain boundaries (cellular morphology) or dendritic walls (columnar-dendritic 
morphology). In transverse section, the microstructure appears as cellular (array of cells 
arranged in a hexagonal mesh) and from viewing at an angle, dendrites appear as trapezoidal, 
rectangular or long laths [29,33]. Upon further cooling, the 𝛿 → 𝛾 transformation initiates 
heterogeneously at the dendritic boundaries or cell walls, by a nucleation and growth 
mechanism, and austenite grows in morphology depending on the composition and cooling rate 
of the process, and its effect on solid-state transformations. At low/intermediate cooling rates, 
austenite forms at the sub-grain boundaries and grows as Widmanstäten platelets, while at low 
cooling rates austenite is present in the interdendritic/intercellular regions. Moreover, Inoue 
and Koseki [32] 

During FA-type solidification, primary δ-ferrite and following austenite dendrites grow 
independently from the melt, according to the eutectic reaction, and the resulting as-solidified 
microstructure has a dual-phase character. As cooling progresses, 𝛿 → 𝛾 transformation 
reduces the amount of ferrite, and the resulting morphology is again affected by the cooling 
rate, but this time effective on both the solidification and solid-state transformations stage. That 
is because solid-state growth depends on microsegregation, the spatial distribution of alloying 
elements during solidification and the transformation itself progresses according to solid-state 
kinetics. As will be discussed in Section 2.3, at low cooling rates, the microstructure is 
columnar-dendritic, described by the development of secondary arms. Segregation is therefore 
developed in both PDAS and SDAS, a situation that leads to preferential growth of austenite 
in regions where the last melt solidified (between secondary dendrite arms), that are rich in 
austenite-stabilizing elements, forming the morphology known as skeletal or vermicular δ-
ferrite. Lacy F, an alternative morphology that is observed, can describe the same 
microstructural features as skeletal F, observed at an angle to the axis of reference as can be 
observed in experimental results by Yu et al. [25]. Inoue and Koseki [32] treating lacy and 
vermicular as different microstructures, established a relation between lacy/vermicular and the 
alignment of preferential growth direction, heat flow direction and relative crystallographic 
orientation at ferrite nucleation. Finally, Elmer et al. [29,33] reported the blocky austenite 
morphology for FA-type solidification with nearly 100% ferritic as-solidified microstructure, 
where nucleation of austenite was restricted at the grain boundaries and not between secondary 
dendrite arms, reducing the austenite/ferrite boundary area for solid-state transformation. The 
final microstructure is mostly ferritic, with allotriomorphs (blocks) of austenite in the 
interdendritic region.  

The microstructural evolution of AF-type solidification mode at low cooling rate welds is 
presented in Figure 2.4(c). Solidification initiates with growth of austenite dendrites. 
Segregation of Cr in the interdendritic areas allows for the growth (epitaxial growth or 
nucleation and growth) of δ-ferrite dendrites, growing independently among austenite, in 
dendritic form as well. The as-solidified microstructure consists of austenite core dendrites, 
separated by walls of δ-ferrite. For the as-cast microstructure, the 𝛿 → 𝛾 transformation reduces 
the ferritic amount even further and, in some cases, it can disappear altogether [31]. 
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Finally, the microstructural evolution of A-type solidification mode at low cooling rate welds 
is presented in Figure 2.4(d). No ferrite is present in the as-solidified or as-cast microstructure, 
since it is not thermodynamically stable. The as-cast microstructure is composed of austenite 
dendrites, divided by subgrain boundaries or dendritic walls, similar to F-type solidification 
mode. 

2.1.3. As-cast microstructure prediction tools 
Investigation of solidification thermodynamics of the ternary Fe-Cr-Ni system provides 
information on the relationship between alloy composition and the solidification mode. 
However, austenitic stainless steels are in practice multi-component systems, containing 
additional alloying elements like C, Mo, Mn and Si, besides Cr and Ni, that alter the system 
thermodynamics in deviating from the ternary Cr/Ni ratio quantification. For that reason, 
equivalency relationships have been developed to substitute the preliminary Cr/Ni ratio 
(accurate in the ternary system Fe-Cr-Ni) in multi-component systems, where alloying 
additions can either promote austenite stabilization similar to the effect of Ni, or δ-ferrite 
stabilization similar to the effect of Cr. Ferrite-promoting elements, other than Cr, include Mo, 
Si, Nb, Al, Ti, V and W, whereas austenite-promoting elements, other than Ni, include C, Mn, 
N, Cu and Co [13]. In equivalency relationships the effect of additional phase-promoting 
elements is taken into account using weighted coefficients for every contributor. Determination 
of the coefficients relies on phenomenological investigation of the austenite/ferrite content in 
the as-cast microstructure (not the as-solidified), and thus equivalency relationships were 
linked from the early stages of their development to as-cast microstructure prediction tools for 
austenitic stainless-steel welds. Since the diagrams aim to predict only phase fraction values, 
morphology features and distribution of phases and alloying elements are omitted from those 
analyses. The most renowned diagrams include the Schaeffler diagram (1949 update) [34] , the 
DeLong diagram (1973) [35] and the WRC-1992 [36] which is still employed today as 
reference for most welding applications. The equivalency relationships developed for these 
tools are given in Table 2.3. 

Table 2.3. Cr and Ni equivalency relationships for as-cast microstructure prediction. 

As-cast prediction tool Equivalency relationships (units in wt%) 

Schaeffler diagram [34] 
𝐶𝑟𝑒𝑞

𝑆𝑐ℎ = 𝐶𝑟 + 𝑀𝑜 + 1.5𝑆𝑖 + 0.5𝐶𝑏 
𝑁𝑖𝑒𝑞

𝑆𝑐ℎ = 𝑁𝑖 + 30𝐶 + 0.5𝑀𝑛 

DeLong diagram [35] 
𝐶𝑟𝑒𝑞

𝐷𝐿 = 𝐶𝑟 + 𝑀𝑜 + 1.5𝑆𝑖 + 0.5𝐶𝑏 
𝑁𝑖𝑒𝑞

𝐷𝐿 = 𝑁𝑖 + 30𝐶 + 30𝑁 + 0.5𝑀𝑛 

WRC-1992 diagram [36] 
𝐶𝑟𝑒𝑞

𝑊𝑅𝐶 = 𝐶𝑟 + 𝑀𝑜 + 0.7𝑁𝑏 
𝑁𝑖𝑒𝑞

𝑊𝑅𝐶 = 𝑁𝑖 + 35𝐶 + 20𝑁 + 0.25𝐶𝑢 
 

All predictive tools aim to quantify the as-cast microstructure’s ferrite content from the weld 
metal’s composition, utilizing the developed equivalency relationships. The DeLong 
equivalency relationships have evolved directly from those of Schaeffler, only to account for 
the N trait in stabilizing austenite. The Schaeffler and WRC-1992 diagrams are presented in 
Figure 2.5. The Schaeffler diagram predicts directly the δ-ferrite volume fraction based on the 
weld metal composition, a demanding quantity to validate experimentally in terms of volume 
fraction measurements. For that purpose, the Ferrite Number (FN) scale was introduced in 
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DeLong and WRC diagrams, quantifying the magnetic behavior of welds in ambient 
temperature (where δ-ferrite is ferromagnetic while austenite is paramagnetic), and while not 
directly proportional to ferrite volume fraction, there is good agreement for values under 10 
vol%. Notice that the as-cast ferrite content is always less than the as-solidified, regardless of 
solidification mode, because after solidification, the solid-state 𝛿 → 𝛾 transformation always 
takes place. In Figure 2.5(b) an experimental identification of the solidification mode limits 
(red-dotted lines) is attempted based on the as-cast ferrite content. 

  
(a) (b) 

Figure 2.5. Prediction diagrams for the as-cast microstructure of austenitic stainless steels: 
(a)The Schaeffler diagram and (b) the WRC-1992 diagram. 

The Schaeffler diagram can make microstructural estimations from the Fe-rich corner of the 
system and involves evolution of martensite as well, while the WRC-1992 focuses on the 
austenite/ferrite two-phase system, proposing constitutional limits to differentiate among the 
solidification modes, both primary (PSM) and total (TSM). The WRC-1992 diagram can be 
employed for the validation of models that predict the microstructural evolution in electric-arc 
welding. Despite being accurate for as-cast estimations, it is impossible through employment 
of composition tools to predict the microstructural evolution in-situ, differentiate between 
solidification and solid-state transformation effects, and measure temporal and spatial 
distribution of phases and alloying elements. In addition, the effect of cooling rate and 
microstructural morphology are not taken into account, and thus the accuracy and results range 
of the prediction is restricted, not only for related processes like additive manufacturing, but in 
welding as well, since application on a reference system for electric-arc welds and laser beam 
welds cannot have the same microstructural results [29]. A useful observation is that in multi-
component systems, 𝐶𝑟𝑒𝑞

 /𝑁𝑖𝑒𝑞
  ratio can be employed to accurately represent the system’s 

thermodynamics and classify the solidification mode [37].  

2.2. Effect of the cooling rate 
Welding and additive manufacturing are processes carried out under far-from-equilibrium 
conditions. Cooling rate (G) is the most important controllable process parameter affecting 
transformation kinetics and diffusion throughout microstructural evolution. Table 2.4 contains 
some typical cooling rate estimation ranges for several processes [29]. The cooling rate is 
determined by how efficiently the melt pool can dissipate the absorbed energy from the heat 
source and latent heat of the solidifying material. Heat is outfluxed from the melt pool via two 
main routes: (a) Conduction from the melt pool periphery towards the solid material substrate 
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and (b) Convection-radiation from the free surface of the melt pool towards the surrounding 
environment. Classification of cooling rates as low from 100 to 103 ℃/𝑠, as intermediate from 
103 to 105 ℃/𝑠 and as high from 105 ℃/𝑠  and above is applied. 

Table 2.4. Indicative cooling rate ranges for solidification-involving processes [29]. 

Process Cooling rate (℃/s) 
Directional solidification 10−1 to 101 
Casting 100 to 102 
Arc welding 101 to 103 
EB welding  102 to 104 
LB welding 102 to 106 
Additive manufacturing 103 to 107 
Rapid solidification processing 104 to 107 

 

The effect of cooling rate on the microstructural development during solidification of stainless 
steel alloys was studied by Elmer [29,33]. There are three key points on how the cooling rate 
affects solidification. The first effect concerns the morphology of the dendrites, as by 
increasing the cooling rate, the columnar-dendritic shape is suppressed in favor of the 
transverse growth of primary dendrites. Columnar-dendritic microstructures give place to 
cellular morphologies. Note that cellular and columnar-dendritic are two terms referring to 
separate morphologies, depending on the presence of secondary dendrite arms. This transition 
affects solid-state transformation morphologies as well, as the intercolumnar character of the 
secondary phase (austenite in FA and δ-ferrite in AF) changes into intercellular.  

The second effect impacts the kinetics of solid-state transformations. As the cooling rate 
increases, solute diffusion in the solid decreases and thus solid-state transformations are 
delayed or inhibited. For alloys with low Cr/Ni ratios that solidify with primary austenite, the 
as-cast ferrite content increases with cooling rate, as the 𝛿 → 𝛾 kinetics are retarded, while for 
alloys with high Cr/Ni ratios that solidify with primary ferrite, as-cast ferrite content increases 
with cooling rate, as nucleation and growth kinetics of austenite are impeded. Finally, the third 
and most important effect, addresses the solidification behavior and will be discussed in 
Section 2.2.2, after the presentation of epitaxial growth, the initiating mechanism of 
solidification in welding and additive manufacturing.  

2.2.1. Epitaxial growth 
Solidification in casting initiates on the mold surface, where the melt temperature is the lowest. 
Molds are made from a variety of materials that usually do not have any chemical relationship 
with the cast material in order to achieve quality casting as well as protect the mold surfaces 
and solidification initiates with nucleation and growth of randomly oriented crystals (with the 
exception of directional and single crystal solidification). Solidification of the first grains in 
casting begins with nucleation and growth on the mold surface, and microstructural evolution 
proceeds according to the theory described in Section 2.1. However, in welding and additive 
manufacturing, nucleation and growth is not typically the solidification main initiation 
mechanism. Due to the nature of these processes, the material substrate in contact with the 
melt, either has similar composition, phase and structure (welding metallic components with 
electrodes made of similar alloy composition) or is exactly the same system. Under this 
condition, solidification commences directly from grains already present on the melt pool 
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periphery, a phenomenon called epitaxial growth. The first solidified layer on the melt pool 
periphery is identical to the substrate, as the existing microstructure keeps on growing and 
solidification proceeds with a planar front and not a dendritic one, due to the growth rate (R) 
approaching zero. Elmer et al. [29,33] examined epitaxial growth under variance of the cooling 
rate and determined that while epitaxial growth is present under all conditions, the width of the 
plane-front layer, decreases with the cooling rate, ranging from 10μm for low cooling rates, to 
< 1μm for high cooling rates. This area fraction is not important in relation to the rest of the 
solidified volume, but is an important feature because from it grow all crystals in the melt, 
changing the thermodynamics of the system by enabling growth of metastable phases that can 
influence the primary solidification mode.  

2.2.2. Competitive growth and primary solidification mode 
Immediately after the plane-front layer, random disruptions on the solidification interface result 
in transition to a cellular solidification front, with nucleation of new dendrites and growth of 
existing ones [29,33]. In that stage, dendrites compete to outgrow their neighbors in claiming 
the progressively decreasing space towards the heat source spot. The direction of dendrites is 
not perfectly perpendicular to the plane-front periphery, since their core axis is influenced by 
crystal growth relationships (like the K-S relationship [26]) in addition to the spatial 
temperature gradient and the local composition gradient. Growth velocity is determined by 
diffusion and thus it depends on the cooling rate [38]. Competitive growth can alter the 
solidification mode via two mechanisms. Illustrations of competitive growth mechanisms that 
change the solidification mode are presented in Figure 2.6. 

  
(a) (b) 

Figure 2.6. Epitaxial and competitive growth in solidification: (a) Single-phase solidification 
mechanism and (b) two-phase solidification mechanisms. 

In single-phase solidification (types A, F) epitaxial and competitive growth do not affect the 
phase contents of the solidified material, since only a single dendrite phase is present. However, 



18 
 

in two-phase solidification (types AF, FA), epitaxial growth enables and competitive growth 
enacts the possibility to change the solidification mode as the cooling rate increases [29]. In 
order to study that effect, the substrate is assumed to contain equal amounts of austenite and 
ferrite, since competitive growth is affected by the epitaxially grown substrate content, 
although Mas et al. [39] reported that change in the solidification mode can occur from small 
secondary phase fractions.  

The first competitive growth mechanism changes the solidification mode from two-phase into 
single-phase type as presented in Figure 2.6(a). Epitaxially grown dendrites of the equilibrium 
primary (P) and secondary (S) solidification phases compete under an increased cooling rate to 
determine the non-equilibrium primary solidification mode. For either high or low Cr/Ni ratios 
respectively, the driving force for the growth of equilibrium primary austenite or δ-ferrite 
respectively, promotes sufficient evolution of their corresponding dendrites -a superstable 
primary phase- to obstruct completely the evolution of secondary phase dendrites. 
Microstructural evolution continues with the growth of single-phase equilibrium-primary 
dendrites, determining the effective primary solidification mode. This mechanism is applied 
on two cases: transition of FA mode to F and transition of AF mode to A, pictured in Figure 
2.7(a). 

  
(a) (b) 

Figure 2.7. Microstructure maps that describe the influence of cooling rate and composition: 
(a) Evolution of the solidification mode map and (b) map of microstructural formations [29].  

The second competitive growth mechanism changes the primary solidification mode between 
two-solidification type systems, and is illustrated in Figure 2.6(b). High cooling rates promote 
the epitaxially grown equilibrium-secondary phase dendrites to outgrow the equilibrium-
primary phase. This transition is attributed to reinforcement of the driving force of the 
secondary phase due to metastable growth kinetics at high cooling rates that enables 
thermodynamic override of low-cooling rate kinetics. Thus, the equilibrium-secondary phase 
becomes the primary solidification phase, defining the PSM. However, the suppressed phase 
can manage to be present in the as-solidified microstructure, either by surviving the PSM 
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dendritic growth due to thermodynamic stability, or by nucleation and growth on the primary 
phase dendrites, due to cooling rate decrease as the solidification front approaches the heat 
source. The second competitive growth mechanism is effective in one case; transition of FA 
mode to AF mode, pictured in Figure 2.7(a). 

Based on the discussed competitive growth mechanisms, Elmer et al. [29,33] created the 
qualitative diagram of Figure 2.7(a), describing the dependence of solidification mode of the 
ternary Fe-Cr-Ni system to the cooling rate. The vertical axis of the original diagram of Figure 
2.7(a) [29] reflects the analogy between increase in cooling rate and welding source velocity. 
A complementary cooling rate axis was added based on the provided experimental 
measurements [29]. At low cooling rates, solidification mode is only determined by the system 
thermodynamics, thus the transition Cr/Ni ratios from F to FA, from FA to AF and from AF to 
A solidification mode coincide with (𝐶𝑟/𝑁𝑖)𝛿−𝑠𝑎𝑡, (𝐶𝑟/𝑁𝑖)𝑒 and (𝐶𝑟/𝑁𝑖)𝛾−𝑠𝑎𝑡 of Figure 2.1 
respectively. As the cooling rate increases, the described competitive growth mechanisms 
change the solidification mode at three cases. Changes FA→F and AF→A occur due to the 
first competitive growth mechanism, where the equilibrium-primary phase becomes 
superstable with limited diffusion. Change FA→AF occurs due to the second competitive 
growth mechanism, where metastable austenite dendrites dominate equilibrium-primary δ-
ferrite dendrites, changing the PSM. Inoue and Koseki [32]captured experimentally this 
transition changing the PSM with decreasing cooling rate, as solidification progressed inside 
the melt pool. From Figure 2.7(a) it is evident that systems that exhibit FA mode at low cooling 
rates can solidify either with F or with A mode at high cooling rates. That is because certain 
systems close to the eutectic system, solidifying as FA at low cooling rates undergo two 
solidification mode transitions: FA→AF→A as the cooling rate increases. 

The solidification mode transitions were verified experimentally [29,33] and the corresponding 
microstructure and their compositional and cooling rate dependence are presented in Figure 
2.7(b), exhibiting all three effects of the cooling rate on the microstructure. From low to 
intermediate cooling rates, morphological changes take place from a columnar-dendritic to a 
cellular microstructure, that combined with limited solid-state transformations, result in 
development of intercellular morphologies with reduced secondary phase fractions. From 
intermediate to high cooling rates, competitive growth transition mechanisms in solidification 
mode are effective, resulting in single-phase cellular morphology solidification of either 
austenite or ferrite, depending on the PSM, the determination of which will be discussed in 
Section 2.3. The case of low Cr/Ni FA-type solidification presents special behavior, since 
above intermediate cooling rates it solidifies with single ferrite, however, below solidus 
temperature the system undergoes a massive 𝛿 → 𝛾 transformation, resulting in the 
development of a single-massive austenite microstructure (austenite that retains the 
microstructural features of ferrite via an interface-controlled transformation) [40].  

Employing information from the diagrams of Figure 2.7 [29], in addition to [41–43], Lippold 
[38] composed a microstructural map of the solidification mode as a function of the 
solidification/growth rate (R), given in Figure 2.8. Similar to Figure 2.7(a), there are 
solidification mode transitions with increasing solidification rate, however Figure 2.8 provides 
a more accurate tool to describe the transition boundaries since it incorporates the effect of the 
Suutala diagram [43]. A significant addition is the mapping of the region dominated by the 
massive 𝛿 → 𝛾 transformation, discovering two additional system cases. The first case concern 
systems that at low cooling rates solidify with FA mode and as the solidification rate increases, 
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initiate the massive transformation according to the behavior described in Figure 2.7(b). 
However, at lower Cr/Ni ratios, the diagram of Figure 2.8 predicts the interruption of the 
massive transformation to enter an AF solidification mode mechanism, before culminating in 
A mode solidification at even higher rates. Therefore, there is an intervention of massive 
transformation region in-between the transition FA→AF. The second system case corresponds 
to F solidification mode systems that besides high Cr/Ni FA mode systems, can lead to massive 
transformation as well, as the solidification rate increases. In contrast to the statement of [38], 
the cooling rate regulates the solidification/growth rate, since it affects diffusion and not vice 
versa. Therefore, the importance of Figure 2.8 resides in its ability to validate retrospectively 
the model selection (as will be discussed in Chapter 4); starting from the map of Figure 2.7(a) 
and solving the microstructural evolution problem, to calculate the solidification rate and 
proceed to verify the predicted solidification mode from Figure 2.8.  

 
Figure 2.8. Preliminary microstructural map of austenitic stainless steel welds as a function 

of solidification growth rate. Derived from [29,41–43]. 

2.3. Dendrite growth theory 
In Section 2.2, the maps of Elmer [29] provided the basis to predict the solidification mode and 
the resulting microstructure on the ternary Fe-Cr-Ni system, from the process cooling rate and 
the alloy composition. The mechanisms that change the solidification mode were analyzed 
qualitatively. However, this approach omits morphology transitions across the melt pool, 
electing a dominant microstructural feature in Figure 2.7(b) for each case. Moreover, in order 
to apply the solidification mode calculations in multi-component systems, growth of metastable 
austenite must be related to alloy composition. The KGT dendrite growth theory developed by 
Trivedi et al. [44,45] is widely employed to investigate the effect of solid-front morphology to 
solidification behavior and predict the morphology transitions across the melt pool. Primary 
solidification mode in multi-component systems can also be determined based on competitive 
dendrite growth of the solidifying phases.  

2.3.1. Morphology transition 
According to Kurz-Trivedi-Giovanola (KGT) dendrite growth theory [45], the morphology of 
the solidification front is quantified in relationship to spatial thermal gradient (G) and 
liquid/solid interfacial velocity (V). For a given G, increase of the interfacial velocity (V) leads 
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to microstructural transition following the morphological array presented in Figure 2.9. At very 
low interfacial velocities (infinite diffusion), there is absence of constitutional undercooling 
and solidification proceeds with planar front. As the cooling rate -and thus interfacial velocity- 
increases constitutional undercooling becomes effective and dendrites form, first with primary 
and then secondary arms, defining the cellular and dendritic microstructures. At even higher 
interfacial velocities, diffusion is significantly influenced, inhibiting secondary and 
progressively primary dendrite arms to form, leading to cellular and finally a planar 
solidification front morphology that is often referred to as metallic glass. The present study is 
concerned with the dendritic to cellular at high velocities and columnar to equiaxed transitions, 
since only these have been experimentally observed in welding and additive manufacturing 
[46,47]. The interfacial velocity affects the temperature at the solid/liquid interface, represented 
by the dendrite tip. KGT theory focuses on determining the dendrite tip undercooling 𝛥𝑇𝑡𝑖𝑝 in 
order to compute the dendrite tip temperature 𝑇𝑑 : 

𝑇𝑑 = 𝑇𝐿 − 𝛥𝑇𝑡𝑖𝑝  (2.4) 

 
Figure 2.9. Interfacial front morphology evolution with growth velocity. 

Kurz and Trivedi [45] determined an expression for dendritic 𝛥𝑇𝑡 on directional solidification 
under rapid cooling conditions, as applied in welding and additive manufacturing: 

𝛥𝑇𝑡 = ∑(
𝑘𝑖

𝑣𝛥𝑇0,𝑖
𝑣 𝐼𝑣(𝑃𝑒𝑑)

1 − (1 − 𝑘𝑖
𝑣)𝐼𝑣(𝑃𝑒𝑑)

+ 𝐶0,𝑖(𝑚𝑖 − 𝑚𝑖
𝑣) +

𝑉

𝜇𝑘,𝑖
) +

2𝛤

𝑅
+

𝐺𝐷

𝑉
𝑖

 (2.5) 

where:  

𝑚𝑖
𝑣 = 𝑚𝑖

 (1 +
𝑘𝑖

 − 𝑘𝑖
𝑣 (1 − ln (

𝑘𝑖
𝑣

𝑘𝑖
 ))

1 − 𝑘𝑖
 ) (2.6) 

𝑘𝑖
𝑣 =

𝑘𝑖
 + 𝑃𝑒𝑖

1 + 𝑃𝑒𝑖
 (2.7) 

𝜇𝑘,𝑖 ≈
𝑉0(1 − 𝑘𝑖

 )

𝑚𝑖
  (2.8) 

𝑃𝑒𝑖 =
𝑎0𝑉

𝐷
 (2.9) 

𝑚𝑖
𝑣 is the liquidus slope, 𝑘𝑖

𝑣 the equilibrium partition coefficient, 𝜇𝑘,𝑖 the interface kinetic 
coefficient for element 𝑖, and 𝑃𝑒𝑖 the interfacial Péclet solute redistribution number for element 
𝑖. Moreover, 𝑉0 is the speed of sound in pure solid-state iron, 𝛤 is the Gibbs-Thompson 
coefficient, 𝑎0 is the solid/liquid interfacial diffuse layer thickness and 𝐷 is the solute diffusion 
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coefficient in liquid, assuming negligible solid-state diffusion. The index 𝑣 is used to imply 
growth velocity dependance. The non-equilibrium freezing range 𝛥𝑇0,𝑖

𝑣  is: 

𝛥𝑇0
𝑣 = ∑

𝑚𝑖
𝑣𝐶0,𝑖(𝑘𝑖

𝑣 − 1)

𝑘𝑖
𝑣

𝑖

 (2.10) 

Solution of Equation 2.5 is based on the temperature field around cylindrical/plate crystal, 
proposed by Ivantsov [48]. Hence the Ivantsov function 𝐼𝑣(𝑃𝑒𝑑) is calculated from: 

𝐼𝑣(𝑃𝑒𝑑) = {

√𝜋𝑃𝑒𝑑, 𝑓𝑜𝑟 𝑃𝑒𝑑 ≪ 1

1 −
1

2𝑃𝑒𝑑
+

3

4𝑃𝑒𝑑
2 , 𝑓𝑜𝑟 𝑃𝑒𝑑 ≫ 1

 (2.11) 

where: 

𝑃𝑒𝑑 =
𝑅𝑉

2𝐷
 (2.12) 

The dendrite tip radius 𝑅, is calculated according to [49]: 

𝑅 = √
𝛤

𝜎∗(∑ 𝑚𝑖𝐺𝑐,𝑖𝜉𝑑,𝑖 − 𝐺)𝑖
 (2.13) 

𝐺𝑐,𝑖 is the solute concentration gradient ahead of the dendrite tip, 𝜎∗ is the dendrite tip selection 
parameter, assumed to be constant for a reference alloy system and 𝜉𝑑,𝑖 is the equilibrium 
deviation parameter, where: 

𝐺𝑐,𝑖 =
(𝐶𝑡,𝑖 − 𝐶0,𝑖)𝑉

𝐷 ∙ 𝐼𝑣(𝑃𝑒𝑑)
 (2.14) 

𝐶𝑡,𝑖 =
𝐶0,𝑖

1 − (1 − 𝑘𝑖
𝑣)𝐼𝑣(𝑃𝑒𝑑)

 (2.15) 

𝜉𝑑,𝑖 = 1 −
2𝑘𝑖

𝑣

√1 +
1

𝜎∗𝑃𝑒𝑑
2 − 1 + 2𝑘𝑖

𝑣

 
(2.16) 

with 𝐶𝑡,𝑖 being the dendrite tip composition.  

The criterion for cellular/dendritic transition at high velocities, as illustrated in Figure 2.9, 
defines the critical cooling rate transition between intercellular and intercolumnar 
microstructures, as seen in Figure 2.7(b), is given by the expression: 

𝑉𝐷−𝐶 = ∑
𝐺𝐷

𝛥𝑇0,𝑖
 (1 − (1 −

𝑖

𝑘𝑖
 )𝐼𝑣(𝑃𝑒𝑑)) (2.17) 

The second morphological change of interest is the Columnar to Equiaxed Transition (CET). 
From [50,51] a criterion relating the spatial thermal gradient G to the extended volume fraction 
of equiaxed grains 𝜑: 
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𝐺 =
1

1 + 𝑛
√

−4𝜋𝑁0

3 ln(1 − 𝜑)

3

𝛥𝑇𝑡 (1 −
𝛥𝛵𝑛

𝑛+1

𝛥𝛵 
𝑛+1

) (2.18) 

where 𝑁0 is the equiaxed nucleant volume density 𝛥𝛵𝑛
  is the nucleation undercooling for 

equiaxed grains and n is a material constant. CET is determined by the following criterion: 

𝐼𝑓 𝜑 𝑖𝑠 {

< 0.0066 → 𝑓𝑢𝑙𝑙𝑦 𝑐𝑜𝑙𝑢𝑚𝑛𝑎𝑟 − 𝑑𝑒𝑛𝑑𝑟𝑖𝑡𝑖𝑐
> 0.066 𝑎𝑛𝑑 < 0.49 → 𝑚𝑖𝑥𝑒𝑑 𝑚𝑜𝑟𝑝ℎ𝑜𝑙𝑜𝑔𝑦

> 0.49 → 𝑓𝑢𝑙𝑙𝑦 𝑒𝑞𝑢𝑖𝑎𝑥𝑒𝑑 − 𝑑𝑒𝑛𝑑𝑟𝑖𝑡𝑖𝑐
 (2.19) 

Some thermodynamic and kinetic information, useful for dendritic growth models in Fe-Cr-Ni 
systems are provided by Löser and Herlach [52].  

2.3.2. Metastable growth and primary solidification mode 
The KGT dendrite growth theory was applied in the previous section to define criteria for 
morphological transitions. However, a KGT-based investigation was followed by Sutton [19] 
to study the evolution of metastable austenite dendrites via the interface response approach, in 
order to determine a solidification mode transition criterion at high cooling rates. Dendrite tip 
temperatures 𝛵𝛾

∗ for austenite and 𝛵𝛿
∗ δ-ferrite are calculated as a function of the interfacial 

velocity, presented in Figure 2.10 [19].  

 
Figure 2.10. Relationship between growth velocity V and dendrite tip temperature for δ-

ferrite and austenite, showing metastable austenite growth at high velocities, for a Fe-Cr-Ni 
stainless steel, at constant G=400℃/mm, from Sutton et al. [19,49]. 

In austenitic stainless steel systems that exhibit two-phase solidification, at low and 
intermediate interfacial velocities  𝛵𝛿

∗ > 𝛵𝛾
∗ and thus the bath undercooling needed for ferrite 

dendrites is lower than austenite leading to an advantage of ferrite during competitive growth. 
However, after a critical growth velocity 𝑣𝑐

∗, growth of metastable austenite is favored since it 
requires reduced undercooling for elevated dendrite tip temperature. Combined with high 
cooling rates, the dendrite tip temperature controls the PSM and thus the solidification mode. 
A primary solidification mode diagram was developed by determining dendrite tip 
temperatures from a multi-component KGT model on reference austenitic stainless steel 
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systems and calibrating from experimental data. The PSM diagram of Sutton [19], is presented 
in Figure 2.11. The PSM diagram can be used to determine the A→F transition boundary under 
high cooling rates, in accordance with the solidification mode map of Figure 2.7(a) by Elmer 
et al. [29] for multi-component systems. 

 

 
Figure 2.11. Primary Solidification Mode (PSM) diagram [19]. 

Sutton [19] employed a multiple regression model to assess the relationship between 
solidification freezing range and solidification sequence, developing equivalency expressions 
suited to predict the PSM, given in Equations 2.20-2.21:   

𝐶𝑟𝑒𝑞
𝑃𝑆𝑀 =

−𝐶𝑟 + 0.24𝐶𝑟2 + 11𝑀𝑜 + 3𝑆𝑖 + 0.4𝑀𝑛

3.8
, 𝑖𝑛 (𝑤𝑡%) (2.20) 

𝑁𝑖𝑒𝑞
𝑃𝑆𝑀 =

𝑁𝑖 + 0.03𝑁𝑖2 + 21𝐶 + 24𝑁 + 2𝐶𝑢

1.3
, 𝑖𝑛 (𝑤𝑡%) (2.21) 

Equations 2.20 and 2.21 determine a system’s relative position to the critical PSM boundary 
of Figure 2.11, that in high cooling rates designates the fully ferritic from the fully austenitic 
microstructure. Variable K is a correction factor, adjusted to fit the PSM boundary to the 
experimental observations.  
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Chapter 3. Heat transfer analysis of additive manufacturing 
 

3.1. Elements of heat transfer 
In Chapter 2, many parameters referring to the spatial or temporal temperature evolution were 
analyzed, as the cooling rate 𝑅, the growth rate 𝐺 and the velocity of the heat source 𝑉, 
important for controlling the microstructural evolution. It is thus evident that knowledge of the 
temperature behavior is required to study the microstructure of additive manufacturing 
products. In addition, accurate in-situ experimental measurements are demanding if not 
impossible to acquire and require specialized techniques and expensive equipment, since 
heating and cooling are rapid and the process involves phase changes in very high temperatures, 
yielding accurate results only for surface temperature measurements. Calculation of the spatial 
and temporal temperature profiles requires solution of the integral energy balance of Equation 
3.1 [53]: 

∫𝜌𝑈̇𝑑𝑉 = ∫−𝒒 ∙ 𝒏 𝑑𝑆

 

𝜕𝛺

+ ∫𝜌𝑟̇ 𝑑𝑉

 

𝛺

, ∀ 𝛺 ⇒

 

𝛺

∫(𝜌𝑈̇ + ∇ ∙ 𝒒 − 𝜌𝑟̇)𝑑𝑉 = 0,

 

𝛺

 ∀ 𝛺 (3.1) 

𝜌𝑈̇ + ∇ ∙ 𝒒 − 𝜌𝑟̇ = 0 (3.2) 

where 𝛺 is the space that is occupied by the material, 𝜕𝛺 is the boundary of space 𝛺, 𝜌 the 
material density in 𝑘𝑔/𝑚3, 𝑈 the internal energy per unit mass in 𝐽/𝑘𝑔, 𝒒 the heat flux in 
𝑊/𝑚2, 𝒏 the outward unit normal vector to boundary 𝜕𝛺 and 𝑟 the internal heat generation 
rate per unit volume in 𝐽/𝑘𝑔. Changes in internal energy can be expressed by definition in 
terms of specific heat 𝑐(𝑇) in 𝐽/𝑘𝑔/℃: 

𝑈̇ =
𝜕𝑈(𝑇)

𝜕𝑇
𝑇̇ = 𝑐 𝑇̇ (3.3) 

Applying the isotropic Fourier low and accounting for internal energy changes 𝑈̇𝑙 due to phase 
changes in the material, provide the governing equation for transient heat transfer analysis: 

∇ ∙ (𝒌 ∙ ∇𝑇) + 𝜌(𝑟̇ − 𝑈̇𝑙) = 𝜌 𝑐 𝑇̇ (3.4) 

with 𝑈̇𝑙 > 0 in melting and 𝑈̇𝑙 < 0 in solidification. The latent heat 𝑈𝐿 is calculated from 
Equation 3.5: 

𝑈𝐿 = ∫ 𝑈̇𝑙(𝑇) 𝑑𝑇

𝑇𝐿

𝑇𝑆

 (3.5) 

For a homogeneous and isotropic material, 𝒌 = 𝑘𝜹, transforming Equation 3.4 in the Fourier-
Biot of Equation 3.6: 

k ∇2𝑇 + 𝜌(𝑟̇ − 𝑈̇𝑙) = 𝜌 𝑐 𝑇̇ (3.6) 

Heat transfer from a material point is carried out via conduction with the substrate material or 
powder particles, via natural or forced convection with the atmosphere or via radiation. The 
mixed convection radiation boundary condition is given in Equation 3.7: 

𝒒 ∙ 𝒏 = −ℎ(𝑇 − 𝑇0) − 𝜎𝜀[(𝑇 − 𝑇𝑧)
4 − (𝑇0 − 𝑇𝑧)

4] (3.7) 
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where ℎ is the convection film coefficient in 𝑊/𝑚2/℃,  𝑇0 the sink temperature 𝑇𝑧 the 
reference temperature (absolute zero), 𝜀 the material radiation emissivity and 𝜎 =

5.669 × 10−8 𝑊/𝑚2/℃ is the Stefan-Boltzmann constant. 

3.2. Modeling heat transfer in additive manufacturing 
In the present chapter, a heat transfer model is developed based on a Finite Element 
Methodology (FEM), implemented in ABAQUS [54] a general-purpose finite element 
software, aiming to predict the temperature evolution in additive manufacturing processes. The 
model considers printing of a 1.5x1.5 mm 2D rectangular wall following a unidirectional 
scanning strategy (right to left) and heat transfer calculations were carried out in UMATHT 
user subroutine. The heat source of the laser beam, the latent heat effects, as well as the heat 
losses due to convection and radiation were modeled via the DFLUX user subroutine in 
ABAQUS. Thermal analysis employed two-dimensional diffusive heat transfer elements 
(DC2D4) to evaluate the temperature evolution due to successive material deposition with 
dimensions close to the layer thickness value, in order to capture the melt pool. 

Laser velocity was taken equal to 𝑢 = 675 𝑚𝑚/𝑠, power 𝑃 = 100 𝑊, layer thickness 0.02 
mm, chamber temperature T∞=27°C and idle time 10 s between consecutive passes. Meshing 
in square elements with 4 nodes each and sides 𝐷𝑋 = 𝐷𝑌 = 0.02 𝑚𝑚 was carried out to be 
specifically equal to the layer thickness of the printing process. Melt pool depth in AM 
processes must exceed the layer thickness in order to achieve incorporation, but only slightly 
for efficient material deposition. Consequently, choosing an element height to be equal to the 
layer thickness implies that the temperature on the bottom nodes of the elements representing 
material deposition, must reach values over but close to the liquidus temperature. Therefore, 
the model is restricted by the resulting temperature evolution and can be calibrated accordingly. 

To evaluate the transient temperature evolution, the model requires information regarding the 
thermophysical properties of the material, namely thermal conductivity 𝑘, specific heat 𝑐𝑝, 
density 𝜌 and latent heat 𝑈𝐿. The accuracy level of the results depends on the precision and 
realism of the employed non-equilibrium thermophysical properties, that can range from 
equilibrium [55] (as a first-degree approximation) to rapid solidification calculations. In this 
approach, all thermophysical properties are temperature and microstructure depended, 
implemented via the KMATPROP subroutine in ABAQUS. The calculated temperature-
dependent thermophysical properties for the reference 316L system are given in Figure 3.1.  

  
(a) (b) 
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(c) (d) 

Figure 3.1. Thermophysical properties of the reference 316L: (a) Thermal conductivity k, (b) 
specific heat capacity cp, (c) density ρ and (d) Latent heat temperature derivative. 

Latent heat of solidification is calculated from Figure 3.1(d), via numerical integration of the 
temperature derivative to be 𝑈𝐿 = 1976.65 𝑘𝐽/𝑘𝑔. Notice that presently information on the 
thermophysical properties is considered given. Analysis on the calculation of non-equilibrium 
thermophysical properties is carried out in Chapter 4.  

Material deposition was modeled based on the quiet element methodology, as described by 
Michaleris [56]. The elements are present but are assigned properties, so that they do not affect 
the analysis. More specifically the thermal conductivity 𝑘 and the specific heat 𝑐 are set to zero, 
minimizing conduction to adjust energy transfer through the quiet elements: 

𝑘𝑞𝑢𝑖𝑒𝑡 = 𝑐𝑞𝑢𝑖𝑒𝑡 = 0 (3.8) 

The element activation process, both as powder and solid material is described by Koimtzidis 
[57] for a unidirectional scanning strategy. Further research on the effects of scanning strategy 
would require three-dimensional implementation. The moving heat source was modeled as the 
longitudinal two-dimensional analog of a simple ellipsoid volumetric heat input, as presented 
in Figure 3.2, reduced from the double ellipsoid of Goldak et al. [27] for 𝛼1 = 𝛼2: 

𝜌𝑟̇ =
6𝑃𝐹

𝜋𝑎𝑏
𝑒

−3[(
𝜉
𝛼
)
2

+(
𝜂
𝑏
)
2
]
 (3.9) 

where 𝑟 (𝑟̇ = 𝑒̇𝑙𝑎𝑠𝑒𝑟 in Figure 3.2) is the internally supplied heat into the body per unit volume, 
𝑃 is the heat source power, (𝑎, 𝑏) the ellipsoid semi-axes values and (𝜉, 𝜂) the local coordinates 
at the ellipsoid center. 𝐹 is a dimensionless power factor, constituting the only calibration 
parameter of the model. The power factor corrects for emissivity overestimation and transition 
from a three to two-dimensional heat source. The single-ellipsoid volumetric source was 
assigned dimensions 𝑎 = 40 𝜇𝑚, 𝑐 = 20 𝜇𝑚 and 𝑏 = 1 𝑚𝑚 accounting for the 2D analysis. 
At this point, based on the formulation of the boundary conditions, a distinction between 
Powder Bed (PB) and Powder Deposition (PD) methods must be exercised to achieve 
calculation of accurate temperature results. The model presented is based on the work of 
Spyrou and Aravas [58] on laser spot welding, and its additive manufacturing adaptation of 
Sotiriou et al. [53].  
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Figure 3.2. Double ellipsoid heat source input model with dimensions and local coordinate 

system, from Goldak et al. [27]. 

3.2.1. Heat transfer in Powder Bed (PB) methods 
Aiming to provide a sophisticated formulation to better describe AM conditions, the effect of 
the deposited powder on top of the built material, as well as of the powder surrounding the built 
specimen (effective only for powder bed techniques), was considered. An illustration of the 
simulated powder bed geometry is presented in Figure 3.3. 

 
Figure 3.3. Powder bed methods simulation geometry and applied boundary conditions. 

There are two different boundary conditions applied for the solution of the heat transfer 
analysis as they are applied on the free surface areas of the geometry in Figure 3.3, and are 
given in Table 3.1. 

Table 3.1. Description of the boundary conditions 

BC name Description 

BC1 Equivalent conduction BC in a semi-infinite medium with thermal conductivity 
k and known constant interface temperature. 

BC2 Convection-radiation BC with applied forced convection anemometry and 
known constant interface temperature. 

 

The BC1 boundary condition was developed for powder bed additive manufacturing 
techniques, to describe the dissipation of heat from the specimen free surfaces towards the 
surrounding powder bed environment. Heat transfer in powder beds is a complex phenomenon, 
that consists of combined conduction and radiation components, among the powder particles 
[59]. BC1 is based on constituting an equivalent cooling law expression in a semi-infinite 
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medium for the iteratively calculated surface temperature 𝑇𝑠 and sink temperature 𝑇0 = 20℃, 
given in Equation 3.10: 

𝑞𝑠 =
𝑘𝑒𝑓𝑓

√𝜋𝑎𝑒𝑓𝑓𝑡
(𝑇𝑠 − 𝑇0) (3.10) 

where 𝑘𝑒𝑓𝑓 is the equivalent thermal conductivity of the environment material, 𝑎𝑒𝑓𝑓 is the 
thermal diffusivity of the environment material, given in Equation 3.11 and 𝑡 is the time from 
the activation of a boundary element upon which the boundary condition of Equation 3.10 
begins to apply. For all powder-submerged free-surface areas of the geometry, BC1 is applied 
for 𝑘𝑒𝑓𝑓 = 𝑘𝑝. Formulation of the BC1 condition achieves computational relief and simulation 
speed, against the heavy additional FE simulation of the powder environment, and is justified 
based on the difference in order of magnitude between printed parts and the size of the powder 
bed bath. In powder bed techniques, as building progresses the manufactured part is gradually 
being submerged in powder, thus BC1 is applied on the base region as well, where the substrate 
geometry was omitted since building [12] often employs construction of supporting columns 
that account for less than 5% of the total base area. The effect time in Equation 3.10 models 
for the gradual heat accumulation in the powder bed. The thermal diffusivity of powder is 
calculated in Equation 3.11: 

𝑎𝑒𝑓𝑓 =
𝑘𝑝

𝜌𝑝𝑐𝑝,𝑝
 (3.11) 

where 𝜌𝑝 = 𝐴𝑃𝐹𝜌𝑠 and 𝑐𝑝,𝑝 = 𝐴𝑃𝐹𝑐𝑝,𝑠. The 𝐴𝑃𝐹𝑝 describes the packing efficiency of the 
powder under the effect of gravity. For closely packed powder beds with consistent powder 
particles of constant diameter, is assumed that packing is similar to an FCC lattice, with 𝐴𝑃𝐹𝑝 =

0.7405. The thermophysical properties of the powder (red lines) in comparison with those of 
the solidified material (black lines) are presented in Figure 3.4.  An enhancement in the quite 
element method [56] involved the consideration of powder as an intermediate state of 
“activated” material points, representing metal deposition regions. between the initial (𝑘 =

0 𝑎𝑛𝑑 𝑐𝑝 = 0) and the terminal (𝑘 = 𝑘𝑆 𝑎𝑛𝑑 𝑐𝑝 = 𝑐𝑝,𝑠), where index s stands for the post-
solidification material. This intermediate state would exhibit the effective thermophysical 
properties of the austenitic stainless steel powder, calculated as that were those of the solid 
materials multiplied with the atomic packing factor (𝐴𝑃𝐹 = 0.74 for powder stacking roughly 
in close-structure FCC under the effect of gravity). 

  
(a) (b) 
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(c) 

Figure 3.4. Thermophysical properties of consolidated (black lines) and powder (red lines) 
316L: (a) Thermal conductivity k, (b) specific heat capacity cp, (c) density ρ and (d) Latent 

heat temperature derivative. 

All powder thermophysical properties describe the “complex” powder state in temperatures 
lower than solidus, since at that temperature, melting initiates and all properties change 
drastically. For temperatures higher than liquidus, metal powder is completely transformed to 
the melt state, according to thermodynamics as well as the nature of additive manufacturing. 
Since change of the element character from powder to consolidated metal occurs when the 
cooling stage begins, it is computationally convenient to maintain the powder thermophysical 
properties at temperatures over liquidus, and set them equal to the respective melt 
thermophysical properties. Note that in temperatures between the solidus and liquidus 
temperatures, a mixture rule with respect to the solid (considering the distinction between 
phases) and liquid phase fractions is applied to determine the thermophysical properties 
throughout the state change.  

For the effective thermal conductivity of the powder as a continuous medium, an in-depth 
modeling approach was followed. Considering the resultant heat transfer flux that comprises 
of conduction-radiation components acting among the powder grains, an equivalent 
temperature-time-dependent conduction factor 𝑘𝑒𝑓𝑓 was formulated according to de Moraes 
and Czekanski [60], given in Equation 3.12 [59–61] 

𝑘𝑒𝑓𝑓 = 𝑘𝑔 [ 𝐽1 + √1 − 𝜑 (𝐽2 + 𝛬
𝑘𝑐𝑜𝑛𝑡𝑎𝑐𝑡

𝑘𝑔
)] 

(3.12) 

𝐽1 = (1 − √1 − 𝜑) ∙ (1 +
𝜑𝑘𝑅

𝑘𝑔
) 

𝐽2 = (1 − 𝛬) ∙ (
2

1 −
𝛣𝑘𝑔

𝑘𝑠

𝐽3 +
𝑘𝑅

𝑘𝑔
) 

𝐽3 =

[
 
 
 
 

𝐵

(1 −
𝛣𝑘𝑔

𝑘𝑠
)

2 (1 −
𝑘𝑔

𝑘𝑠
) ln (

𝑘𝑠

𝐵𝑘𝑔
) −

𝐵 + 1

2
−

𝐵 − 1

1 −
𝛣𝑘𝑔

𝑘𝑠 ]
 
 
 
 

 

where,  
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𝐵 = 1.25 (
1 − 𝜑

𝜑
)

10
9

 (3.13) 

𝑘𝑅 =
4𝜀𝑝𝜎𝛵3𝑥𝑅

1 − 0.132𝜀𝑝
 (3.14) 

𝑘𝑐𝑜𝑛𝑡𝑎𝑐𝑡 = 18𝛬𝑘𝑠, 𝑓𝑜𝑟 𝛬 < 3 × 10−4 (3.15) 

In Equation 3.14, 𝜀𝑝 is the effective powder emissivity, calculated according to Sih and Barlow 
[61]: 

𝜀𝑝 = 𝐴𝐻𝜀𝐻 + (1 − 𝐴𝐻)𝜀𝑠, 𝑤ℎ𝑒𝑟𝑒: 

(3.16) 𝜀𝐻 =

𝜀𝑠 [2 + 3.082 (
1 − 𝜑

𝜑 )
2

]

𝜀𝑠 [2 + 3.082 (
1 − 𝜑

𝜑 )
2

] − 1

 

𝐴𝐻 =
0.908𝜑2

1.908𝜑2 − 2𝜑 + 1
 

𝜑 is the porosity of the bed, with 𝜑 = 1 − 𝐴𝑃𝐹𝑝 = 0.2424 for FCC [60],  𝜀𝑠 = 0.55 [62] is the 
solid emissivity, 𝜀𝐻 is the gap emissivity and 𝐴𝐻 is the area fraction of the powder surface. 𝑟𝑝 
is the average powder diameter, which can be determined from the manufacturer’s 
specifications (e.g., for 316L powder by [63], 𝑟𝑝 = 35 𝜇𝑚).  

In Equation 3.12, 𝑘𝑔 is the thermal conductivity of surrounding gas, which for a N2 pure 
atmosphere (to decrease oxidation risk) Hoshino et al. [64] determined in Equation 3.17: 

𝑘𝑔 = √𝑇 (
𝑎1

𝑇
+ 𝑎2 + 𝑎3𝑇) (3.17) 

𝑎1 = −1.125 × 102  

𝑎2 = 1.354 × 100  

𝑎3 = 1.453 × 10−4  

In Equation 3.15, Λ = 5 × 10−6 from [59], is the fraction area of a powder particle in contact 
with neighboring particles (powder particles are not perfect spheres). Finally, the Marangoni 
effects were taken into account due to the effect of forced convection caused by the laser beam 
on the melt pool, enhancing thermal conductivity 𝑘∗(𝑇) = 𝜆𝑘(𝑇) for 𝑇 > 𝑇𝐿 according to 
[62,65], where 𝜆 = 4 is the isotropic enhancement coefficient. 

Furthermore, the BC2 convection-radiation boundary condition of the free surface area in 
contact with the atmosphere, was modeled according to hot-film anemometry effect proposed 
by Gouge et al. [66] to account for the forced convection induced by the heat source beam.  

ℎ(𝑟) = ℎ𝑚𝑎𝑥𝑒
𝐵𝑟 + ℎ0 (3.18) 

where  𝑟 is the radial distance from the heat source spot, illustrated in Figure 3.3, ℎ𝑚𝑎𝑥 is the 
peak value of the film coefficient, 𝐵 an exponential decay rate and ℎ0 the convective offset.  
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3.2.2. Heat transfer in Powder Deposition (PD) methods 
For powder deposition methods in additive manufacturing, the same formalism can be applied 
as described in Section 3.2.1, with two modifications. The BC1 boundary condition in powder 
environment is replaced by convection-radiation BC2 boundary condition with the atmosphere 
gas in all free surface areas of the mesh, as described in Equation 3.18. Secondly, the traditional 
quite element method of [67] applies, without powder present as an intermediate state and 
activation of a quite element will occur at the moment of heating initiation, assigning the 
powder properties briefly and only for the duration of the first heating, as illustrated in Figure 
3.5. An interesting observation is that in the powder deposition model, the forced convection 
anemometry is effective for vertical free surface areas (illustrated by the red circular section in 
Figure 3.5), in contrast with the powder bed model, where the presence of the powder does not 
permit for classic convection-radiation BC inside the powder bed. Moreover, BC1 depending 
on the manufacturing process can account for a metal substrate (wrought or cast alloy) from 
where the main heat dissipation flow is abducted. In that case, Eq. 3.10 and 3.11 are formulated: 

𝑞𝑠 =
𝑘𝑠𝑢𝑏

√𝜋𝑎𝑠𝑢𝑏𝑡
(𝑇𝑠 − 𝑇0) 

(3.19) 

𝑎𝑠𝑢𝑏 =
𝑘𝑠𝑢𝑏

𝜌𝑠𝑢𝑏𝑐𝑝,𝑠𝑢𝑏
 (3.20) 

Where 𝑘𝑠𝑢𝑏, 𝜌𝑠𝑢𝑏 and 𝑐𝑝,𝑠𝑢𝑏 are the thermal conductivity, density and specific heat of the 
substrate material respectively. 

 
Figure 3.5. Powder deposition methods simulation geometry and applied boundary 

conditions. 
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Chapter 4. CALPHAD-based simulation of microstructural evolution  
 

4.1. Introduction to CALPHAD modeling of microstructural evolution 
In Chapter 2, the solidification mechanisms and their dependence on composition, cooling rate 
and morphology were established. The objective of the present study is to model the non-
equilibrium phase transformations and provide a simulation framework to predict the 
microstructural evolution in additive manufacturing of austenitic stainless steels. 
Computational thermodynamics and kinetics based on the CALPHAD approach [68–73], were 
employed to simulate the microstructural evolution upon solidification and sub-sequent solid-
state transformations, occurring under rapid cooling and thermal cycling conditions. The 
CALPHAD approach, is based on minimizing the Gibbs free energy of phases in multi-phase 
and multi-component systems, and carry out phase equilibria to calculate the phase diagram of 
the system. The Gibbs free energy is calculated based on the Redlich-Kister-Muggianu (RKM) 
model for substitutional solid-solutions [74]: 

𝐺 = ∑𝑋𝑖𝐺𝑖
𝑜 + 𝑅𝑇 ∑𝑋𝑖𝑙𝑛𝑋𝑖

𝑖

+ ∑∑𝑋𝑖𝑋𝑗 ∑𝐿𝑖𝑗
(𝑝)

(𝑋𝑖 − 𝑋𝑗)
𝑝

𝑝𝑖≠𝑗𝑖𝑖

 

(4.1) 

+∑ ∑ 𝑋𝑖𝑋𝑗𝑋𝑘 ∑𝐿𝑖𝑗𝑘
(𝑝)

𝑝𝑖≠𝑗≠𝑘𝑖

 

and for interstitial solid-solutions (application on C), ignoring the magnetic terms: 

𝐺 = 𝐺𝑜 + 𝐺𝑖𝑑 + 𝐺𝑥𝑠 + 𝐺𝑚𝑎𝑔, 𝑤ℎ𝑒𝑟𝑒: 

(4.2) 

𝐺𝑜 = ∑𝑦𝑖𝑦𝐶𝐺𝑖:𝐶
𝑜 + ∑𝑦𝑖𝑦𝑉𝑎𝐺𝑖:𝑉𝑎

𝑜

𝑖𝑖

 

𝐺𝑖𝑑 = 𝑅𝑇 ∑𝑦𝑖𝑙𝑛𝑦𝑖 + 𝑐𝑅𝑇(𝑦𝐶𝑙𝑛𝑦𝐶 + 𝑦𝑉𝑎𝑙𝑛𝑦𝑉𝑎)

𝑖

 

𝐺𝑥𝑠 = 𝑦𝐶 ∑∑𝑦𝑖𝑦𝑗𝐿𝑖,𝑗:𝐶

𝑖≠𝑗𝑖

+ 𝑦𝑉𝑎 ∑∑𝑦𝑖𝑦𝑗𝐿𝑖,𝑗:𝑉𝑎

𝑖≠𝑗𝑖

+ 𝑦𝐶𝑦𝑉𝑎 ∑𝑦𝑖𝐿𝑖:𝐶,𝑉𝑎 +

𝑖

 

𝑦𝐶 ∑ ∑ 𝑦𝑖𝑦𝑗𝑦𝑘𝐿𝑖,𝑗,𝑘:𝐶

𝑖≠𝑗≠𝑘𝑖

+ 𝑦𝑉𝑎 ∑ ∑ 𝑦𝑖𝑦𝑗𝑦𝑘𝐿𝑖,𝑗,𝑘:𝑉𝑎

𝑖≠𝑗≠𝑘𝑖

 

𝐺𝑚𝑎𝑔 = 𝑅𝑇𝑙𝑛(𝛽 + 1)𝑓(𝑇/𝑇𝑐)  
In multi-component and multi-phase systems, calculation of the Gibbs free energy employs 
information from thermodynamic databases. The methodology is implemented commercially 
in Thermo-Calc software [22]. Simulation of diffusive phase transformations during additive 
manufacturing, requires solution of a moving interface problem with kinetic calculations, 
solving the equation formulated by Borgenstam et al. [73] in multi-component systems: 

𝐽𝑘 = −∑𝐿𝑘𝑙
′

𝑛

𝑖=1

∑
𝜕𝜇𝑖

𝜕𝑐𝑗

𝜕𝑐𝑗

𝜕𝑧

𝑛

𝑗=1

 (4.3) 

A local equilibrium condition is applied on the moving interface, with solute limits determined 
from CALPHAD-based thermodynamics. Mobility information is required to solve the 
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equation systems, provided by kinetic databases, implemented in the DICTRA module of 
Thermo-Calc [22]. 

In Section 4.2 simulation of solidification compares the applicability of CALPHAD 
thermodynamic and kinetic models under rapid-solidification conditions, while Section 4.3 
presents the modeling for different solidification morphologies. In Section 4.4 simulation of 
solid-state transformations under rapid cooling and thermal cycling is carried out and in Section 
4.5 a methodology for calculating non-equilibrium thermophysical properties is displayed. 

4.2. Solidification 
The analysis objective of the present section is to simulate the microstructural evolution during 
the solidification process, using computational thermodynamics and kinetics based on the 
CALPHAD approach [68,69]. The plethora of phenomena involved during solidification, as 
discussed in Chapter 1, add to the modeling complexity. Several simulation models were 
employed, each based on a different set of assumptions, approaching the transformation from 
a slightly different angle [75]. The validity of the model assumptions was examined and 
simulation results were compared to determine which model better describes solidification 
under rapid cooling conditions. An AISI 316L austenitic stainless steel with nominal 
composition given in Table 4.1, was considered in all simulations as reference to compare the 
solidification models. Initially the limiting case of equilibrium solidification is investigated in 
Section 4.2.1, which, despite being not applicable under additive manufacturing conditions, 
provides useful information regarding the system’s thermodynamic behavior. Next, 
introduction of the cooling rate effect was investigated during solidification under non-
equilibrium conditions, initially assuming an infinitely high value with the Scheil-Gulliver 
approach in Section 4.2.2 and then simulating a finite value with the DICTRA model in Section 
4.2.3, better approximating the conditions during additive manufacturing.  

Table 4.1. Reference AISI 316L composition in (wt%) 

316L Cr Ni Mo C Mn Fe 
Composition (wt%) 18 14 2.6 0.03 1 bal. 

 

4.2.1. Equilibrium solidification 
Computational alloy thermodynamics, based on the CALPHAD approach [68,69], were 
employed to describe the microstructural constitution at equilibrium conditions as well as the 
driving forces for phase transformations. All thermodynamic calculations were performed in 
the Thermo-Calc software [22] coupled with the TCFE11 thermodynamic database for ferrous 
alloys. Based on the reference composition of Table 4.1, two isopleth sections of the phase 
diagram were computed, with respect to Cr and Ni presented in Figures 4.1(a) and (b) 
respectively. In both Cr and Ni-Isopleth sections, solidification tie triangle is revealed, defined 
by apexes A (the eutectic point), B and C (limits of solute solid solubility in δ-ferrite and 
austenite respectively), where the liquid phase (L), primary austenite (γ) phase, and primary 
ferrite (δ) phase coexist at equilibrium. The solidification’s type can be characterized based on 
the relative position of the system at which the solidification path proceeds (noted by the red-
dotted line), compared to the corners of the triangle, according to the analysis of Section 2.1.1.  
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(a) (b) 

Figure 4.1. Equilibrium solidification path of reference 316L system. (a) Cr-Isopleth and (b) 
Ni-Isopleth. 

In equilibrium solidification calculations, the solidification mode is a result and not prerequisite 
to apply the modeling. The reference 316L system exhibits an FA-type solidification behavior, 
with primary solidification of δ-ferrite precedes the eutectic reaction. Figure 4.1 implements 
the effect of the additional alloying elements on thermodynamic behavior, in contrast to the 
ternary system of Figure 2.1. The equilibrium solidification path of the systems is presented in 
Figure 4.2. A distinction between single-phase and two-phase growth can be established by an 
increase in the solidification rate that characterizes independent eutectic growth. 

 
Figure 4.2. Equilibrium solidification path of reference 316L system.  

Equilibrium solidification is a limit case, corresponding to infinitesimal cooling rate combined 
by sufficient time for diffusion to take place for the system to reach equilibrium conditions 
(compositions and phase fractions) at each temperature increment. It exhibits a freezing range 
value of 𝐹𝑅𝑒𝑞 = 21.32℃ for the reference system. The limiting case of equilibrium 
solidification provides useful information regarding the behavior of the system upon 
solidification and is the basis for the following non-equilibrium calculations. As was discussed 
in Chapter 2, from the Cr and Ni-Isopleth, the upper/lower compositions of the tie-triangle apex 
points B, C are determined, and the 𝐶𝑟𝑒𝑞

 /𝑁𝑖𝑒𝑞
  transition ratios among solidification modes can 

be determined and set as boundaries in the low cooling rate region of multi-component 
solidification mode maps, derived from Figure 2.7(a) [29]. Additional thermodynamic 
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calculations and sensitivity analysis, indicated that all systems exhibited constitutional 
sensitivity to C and N content, greatly influencing thermodynamics and equilibrium 
solidification mode, both primary and total. Exemplary of this behavior is the solidification 
mode transition between 316L solidifying with FA-type and 316LN that changes the mode to 
AF for less than 1 wt% N content. This behavior is important when printing takes place in 
nitrogen environment, where excess Ν can be absorbed in the solidifying melt pool. Another 
effect concerns variations due to microsegregation, despite both C and N being fast diffusing 
elements.  

4.2.2. Scheil-Gulliver model 
During additive manufacturing processes, the heat source develops high temperatures at the 
point of impact, forcing the material (e.g. powder) to melt. As the source moves away, the 
material solidifies under high cooling rates and therefore non-equilibrium conditions. To better 
describe the non-equilibrium solidification phenomena, resulting from rapid cooling, the 
Scheil–Gulliver model was employed, as implemented in Thermo-Calc. Scheil–Gulliver 
simulations consider the extreme case of infinite cooling rates, assuming that no diffusion 
occurs in the solid phases, infinite diffusion in the liquid and that local equilibrium conditions 
are established on the solid/liquid interface, at all times during solidification. The developing 
microsegregation in solid, is described by the Scheil equation: 

𝑐𝑠
∗ = 𝑘𝑐𝑜(1 − 𝑓𝑠)

𝑘−1 (4.4) 

where 𝑐𝑠
∗ is the concentration of the solid/liquid interface at 𝑓𝑠 fraction solid, 𝑐𝑜 is the nominal 

composition of the melt and k is the partition coefficient 𝑘 = 𝑐𝑠
∗ 𝑐𝐿

∗⁄ . An important aspect of 
this model is that all systems will solidify according to the three-phase reaction, no matter the 
solidification mode. Therefore, the Scheil-Gulliver approach constitutes a limit case for a 
reference system of phases, for all kinetic modeling variations. In order to ensure computational 
stability, the simulation terminated at 99% of the solidification process. Simulation results of 
the Scheil-Gulliver model for the reference 316L systems are presented in Figure 4.3, 
considering two-phase solidification: 

  
(a) (b) 

Figure 4.3. Scheil-Gulliver simulation results. (a) Scheil and equilibrium solidification paths 
comparison and (b) Scheil segregation profiles. 

The non-equilibrium solidification path, produced from the Scheil model is pictured in Figure 
4.3(a), alongside its equilibrium solidification counterpart. While the liquidus temperature 
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remains unchanged, the Scheil-Gulliver solidus 𝑇𝑠
𝑆𝐺  resides at 1376.5℃, creating a freezing 

range 𝐹𝑅𝑆𝐺 = 58.36℃. Since the Scheil hypothesis treats the solid phases as independently 
growing from liquid, the model is eutectic in character. This is apparent from the segregation 
profiles of both austenite and ferrite, given in Figure 4.3(b). Figure 4.3(b) was constructed from 
the results of the Scheil model, in reference to the simulated dimensionless microstructural 
distance, in a way that is comparable to the DICTRA diffusion cell and accounts for the model 
assumptions. Austenite and δ-ferrite were placed in opposite ends of the dimensionless cell, to 
explain the independent growth character of the Scheil model. The solid phases do not have 
any interaction except with the liquid phase. Development of microsegregation is positive in 
both cases towards the melt, in contrast with experimental observations [46,76].  

The Scheil-Gulliver model has been a contender in describing the microstructural evolution 
under high cooling rates. The model is however accurate for rapid solidification in very high 
interfacial velocities (Section 2.3.1). For cooling rates in most welding and additive 
manufacturing applications, the solidification mechanism remains diffusive and the Scheil 
model overpredicts the non-equilibrium effects [77]. Therefore, an in-depth non-equilibrium 
analysis that simulates diffusion in multi-component and multi-phase systems, is promoted as 
the most suitable modeling to predict the microstructural evolution. 

4.2.3. Solidification using diffusion control transformation kinetics 
The equilibrium solidification and the Scheil–Gulliver models provide a fast and reliable 
method of determining the key phenomena and microstructural features during solidification. 
However, they both lack in the fidelity required to capture the interactions from subsequent 
heating and cooling cycles, as well as the spatial and temporal evolution of microstructural 
features, upon additive manufacturing processing.  The present section is concerned only with 
the simulation of solidification, with solid-state transformation results presented in Section 4.4. 
Kinetic calculations were performed in the DICTRA module of Thermo-Calc [22], coupled 
with the MOBFE2 mobility and TCFE6 thermodynamic databases. One-dimensional mass 
diffusion was considered in a planar geometry diffusion cell, with a size of 0.5 μm, 
representative of the as-solidified microstructure. The cell is assumed a closed thermodynamic 
system with no mass with the environment, under the effect of a temperature global condition. 
All regions are separated by moving interfaces where local equilibrium conditions are imposed 
during transformations and every interface is defined by a position of interface (POI) and a 
velocity of interface (VOI). POI values determine the phase fractions and VOI values the 
transformations velocity.  

In all cases, simulation initiates at a temperature higher than liquidus, when the system resides 
in the liquid state. The cell is thus initially comprised of a single liquid phase region. In order 
to simulate growth of a solid phase, it must be placed adjacent to the liquid region as inactive. 
As the temperature decreases and the inactive phases become thermodynamically stable, they 
nucleate and grow, consuming the liquid. However, DICTRA is a 1D sharp-interface model 
that does not simulate the nucleation of a phase directly, but rather than describes the growth 
of a phase after the driving force for nucleation exceeds a critical value. This model assumption 
is suitable for application in additive manufacturing, where no nucleation kinetics take place at 
the melt pool periphery, and solid cells grow epitaxially from the substrate. Moreover, 
DICTRA provides the ability to model the three-phase reaction and/or primary solidification 
growth of either austenite or δ-ferrite, by modeling diffusion in a specific geometric 
configuration that approximates a specific morphology via selecting the structure/sequence of 
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phases on the cell, thus taking into account the solidification mode. Further morphology 
modelling can be also applied by determining the cell size to attest for the principal diffusion 
distances, as well as considering two or more cells connected by immobile interfaces that 
permit solute flow, as will be discussed in Section 4.3. In this section, the analysis focuses on 
simulation of cellular growth, as the dominant microstructural feature in additive 
manufacturing, assuming that microsegregation develops only on the transverse section of cells 
and not the longitudinal. This is in contrast to findings by Poole and Weinberg [78], reporting 
rejected solute ahead of the dendrite tip, however minor in nature compared to the transverse 
partitioning, thus justifying the assumption.  

To study the effect of diffusion cell structure, a series of five systems, derived from the 
reference 316L composition by changing the Ni content to adjust the solidification mode, were 
examined. The Cr and Ni composition of the systems are given in Table 4.2. Each system 
corresponds to a cell structure. This model comparison aims to investigate the microsegregation 
behavior of solidification types, in order to provide an insight to experimental identification of 
solidification modes. The Ni-Isopleth of the 316L reference system is presented in Figure 4.4, 
containing the solidification paths of the additional systems. 

Table 4.2. Solidification mode systems as derived from the reference 316L system 
composition. 

Solidification mode system Cr (in wt%) Ni (in wt%) 
FL 18 8 
LAF 18 10 
ALF (316L) 18 14 
LFA 18 16 
AL 18 17 

 

 
Figure 4.4. Diffusion models systems and corresponding solidification mode. 
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For single-phase solidification, modeling for either A or F-type, one inactive region of either γ 
austenite or δ ferrite is attached adjacent to the initial liquid region. The diffusion cells for A 
and F-type solidification are pictured in Figure 4.5. 

  
(a) (b) 

Figure 4.5. Single-phase solidification cells: (a) Single austenite AL for type-A and (b) single 
δ-ferrite FL for type-F. 

  
(a) (b) 

 
(c) 

Figure 4.6. Two-phase solidification models: (a) Left (Ni-poor) peritectic LAF, (b) right (Ni-
rich) peritectic LFA and (c) eutectic ALF model simulating AF or FA solidification. 

For two-phase solidification systems, the cell is initially comprised of a single liquid phase 
region with two inactive regions of γ austenite and δ ferrite adjacent to it, separated via moving 
interfaces [53,75]. As the temperature decreases and the inactive phases become 
thermodynamically stable, they nucleate and grow, consuming the liquid. The positioning of 
the austenite and ferrite regions compared to the liquid region allows for modeling of either 
eutectic or peritectic reactions. Eutectic solidification is simulated by positioning the austenite 
and ferrite regions of each side of the liquid as γ/L/δ, from now on referred to as ALF model. 
By positioning the austenite and ferrite phases adjacent to each other and the liquid, either as 
L/γ/δ, the LAF model, or as L/δ/γ, the LFA model is obtained, simulating the Ni-poor or the 
Ni-rich peritectic reaction respectively. Diffusion cells for all two-phase solidification models 
are illustrated in Figure 4.6. Note that the reference 316L system is included in the set of 
systems, corresponding for the ALF diffusion model. In addition, the AL system, although 
residing in FA equilibrium solidification type, is investigated for A-type solidification, since 
in high cooling rates, a transition from AF to A mode is observed [29]. Diffusion control 
simulation of solidification was carried out under a linear temperature profile with a cooling 
rate value 𝑅 = 1000℃/𝑠. Results in terms of solidification paths and microsegregation 
profiles of Cr and Ni at the end of solidification, for all models are given in Figure 4.7. While 
quantitative comparison of solidification paths or segregation profiles is inappropriate given 
that the systems have different nominal compositions, it is important to qualitatively compare 
the segregation behavior. The solidification path diagrams are included for completion to 
indicate the ability of the models to predict transient phase evolution. Also, by definition a 
positive segregation refers to an increasing amount solute content while a negative segregation 
to a decreasing amount of solute content. 

Single phase solidification models AL and FL, exhibit continuous composition profiles. In AL 
model (Figure 4.7(b)) the growing austenite absorbs Ni and rejects Cr in the melt, with Cr 
developing a positive and Ni a negative segregation towards the cell walls (where the last liquid 
solidified). The opposite behavior is present in F-type solidification (Figure 4.7(j)), however, 
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due to the BCC structure enabling diffusion, segregation of both element is restricted in an 
insignificant spatial variation. The final microstructure is considered homogeneous. An 
important observation is the change of monotonic decrease in the segregation of Cr close to the 
cell walls, enabling backwards diffusion. This phenomenon relates to thermodynamics and 
more specifically to the shape of the monophasic solvus line, signifying a transition from 
increasing to decreasing solubility as the temperature drops, with solidification segregation 
capturing the effect.  

  
(a) (b) 

  
(c) (d) 

  
(e) (f) 
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(g) (h) 

  
(i) (j) 

Figure 4.7. Solidification paths and microsegregation of Cr and Ni of reference systems in 
diffusion models: (a)-(b) AL model, (c)-(d) AFL model, (e)-(f) ALF model, (g)-(h) LAF 

model and (i)-(j) FL model. 

Similar phenomena are present in two-phase peritectic solidification types, as shown in Figures 
4.7(d) and (h). In Figure 4.7(d), the Ni-rich system in the peritectic LFA model exhibits positive 
segregation towards the moving interface in austenite and the highest Cr segregation towards 
the cell walls in all models. In Figure 4.7(h), the Ni-poor system in the peritectic LAF model, 
austenite is nucleated on the δ-ferrite dendrites/cells and begins to consume the melt that is rich 
in ferrite stabilizing elements due to segregation. From Figure 4.7(h) a relatively homogeneous 
ferritic dendrite core is observed at the right of the moving interface. Peritectic austenite 
exhibits significant segregation, positive for Cr towards the last liquid and negative for Ni both 
towards the last melt and the δ-ferrite, corresponding to the same thermodynamic effect as 
discussed for Cr segregation in the FL model. The application limits for the peritectic reactions 
result from the calculation of nucleation kinetics of either austenite or δ-ferrite, that is not 
included in the presents study, however a thermodynamic boundary for the three-phase reaction 
transition from eutectic to peritectic has been discussed in Section 2.1.1. 

Finally, in ALF model as pictured in Figure 4.7(f), segregation is developed towards the 
separating moving interface, where the last liquid solidified, and is positive in all cases except 
for Ni in δ-ferrite. In δ-ferrite, the relatively more relaxed structure of the BCC lattice allows 
for diffusion to flatten the segregation profiles according to thermodynamics, in contrast to all 
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other diffusion models, where Ni segregated towards austenite and Cr towards ferrite. ALF 
models for independent growth of both austenite and δ-ferrite and simulates microstructural 
evolution under the same philosophy as the Scheil-Gulliver approach. Comparison among 
equilibrium solidification, the Scheil-Gulliver model and DICTRA ALF under increasing 
cooling rate is depicted in Figure 4.8 calculated for a Fe-18Cr-12Ni-2.6Mo-0.03C-1Mn system 
[53]. As stated previously, equilibrium and Scheil-Gulliver act as limit cases for diffusion in 
independent growth. ALF model’s behavior resides in-between.  

In Figure 4.8, the solidification paths with respect to temperature and fraction of solid are 
shown using the equilibrium and Scheil–Gulliver models and the ALF diffusion model at two 
different constant cooling rates (1000 and 10000 °C/s), The Scheil–Gulliver model resulted in 
the highest freezing range of 70.57°C, whereas the equilibrium at the lowest, standing at 
31.97°C. Accordingly, for the case of the ALF diffusion model, employed to simulate the 
eutectic reaction, increasing the cooling rate results in higher freezing range. For high cooling 
rates, the solidification path curve approaches the curves calculated by the Scheil–Gulliver 
model, while for low cooling rates, the solidification path and the freezing range approach the 
equilibrium solidification. 

 
Figure 4.8. Model comparison on freezing range and the effect of cooling rate. 

Similar results are extracted from analysis on single-phase solidification models, with the 
difference that Scheil must also consider only the corresponding single phase in its calculations. 
Therefore, the cooling rate determines the width of the freezing range, and the results calculated 
by the ALF diffusion model are located between the results obtained by the equilibrium and 
the Scheil–Gulliver models, deviating from equilibrium towards Scheil as the cooling rate 
increases. From Figure 4.8 it is evident that under intermediate-high cooling rates developing 
in additive manufacturing processes, solidification remains diffusion controlled, and the Scheil 
approach overestimates the freezing range and microsegregation. 

4.3. Solidification morphology modeling 
In Section 4.2.3 it is argued that diffusion transformation kinetics modeling can be applied to 
simulate effectively the microstructural evolution in form of columnar growth in high-rate 
solidification processes. However, in Section 2.3.1 the KGT dendrite growth theory predicts 
the evolution of additional dendritic morphologies moving towards the center of the melt pool, 
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namely the columnar-dendritic and the equiaxed-dendritic. The majority of experimental 
evidence for additive manufacturing of austenitic stainless steels [46,79–85] suggest that 
cellular growth is the dominant microstructural evolution mechanism. This can be because 
additional material deposition remelts regions close to the melt pool center where mostly 
equiaxed dendritic and columnar dendritic morphologies reside, or simply the spatial 
temperature gradient does not allow for extended evolution of dendritic morphologies. 
Nevertheless, in this section, additional models are proposed, to simulate the columnar- and 
equiaxed-dendritic morphologies for single phase or eutectic/independent solidification, within 
the context of diffusion control transformation modeling. Illustrations for all solidification 
morphology models for independent growth are presented in Figure 4.9 for single- or two-
phase solidification. Note that 𝑠𝑖 stands for the solid phase in single-phase solidification and 
can be either δ-ferrite or austenite. All the proposed dendritic models retain a conjectural 
character since they need accurate validation for a variety of cases, and are included in this 
chapter for completion purposes only.  

  
(a) (b) 

  
(c) (d) 
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(e) (f) 

Figure 4.9. Solidification morphology models: (a) Single-phase cellular, (b) two-phase 
cellular, (c) single-phase dendritic, (d) two-phase dendritic, (e) single-phase equiaxed and (f) 

two-phase equiaxed. 

In Figures 4.9(a),(b) the models for single and two-phase cellular growth are presented, and 
they correspond to models AL, FL for single-phase and ALF for two-phase solidification, as 
presented in Section 4.2.3.  

In order to simulate the columnar-dendritic morphology of Figures 4.9(c),(d), a dual cell planar 
geometry DICTRA scheme is required: the first cell simulating diffusion across the PDAS and 
the second cell across SDAS. The model assumes that similar temperature gradients apply from 
the melt towards the primary and secondary dendrite arms, formulated by the same global 
temperature condition. Due to symmetry between neighboring columns and among secondary 
arms, the respective diffusion cell sizes are reduced to PDAS/2 and SDAS/2. For single-phase 
solidification, the model is presented in Figure 4.10(a). Before Secondary Dendrite Arms 
(SDA) begin to form, microstructural evolution is determined by a diffusion cell similar to the 
cellular models AL and FL. The solid Primary Dendrite Arm (PDA) is separated from the liquid 
via a moving interface with position defined by 𝑥𝑠𝐿

𝑃𝐷(𝑡). When 𝑥𝑠𝐿
𝑃𝐷(𝑡) = 𝑥𝑠𝐿

𝑃𝐷(𝑡𝑆𝐷𝐴𝑆) where 
𝑡𝑆𝐷𝐴𝑆 is a critical time value at which there is an interface instability [86], secondary dendrite 
arms begin to form and become regulatory of the microstructural evolution. At this point, the 
first simulation terminates and a second diffusion cell with the properties, size and solute 
distribution profiles of the solid PDA is created. While PDA boundaries do not change 
significantly [87], they maintain solute redistribution with the liquid due to contact via 
extended surface area, acting as a source or sink of alloying elements. Microstructural evolution 
of secondary dendrite arms is simulated considering a third 1D diffusion cell with a size of 
SDAS/2, under the same global temperature condition as the first diffusion cell. To simulate 
solute redistribution between the primary dendrite arm and the liquid, the second Solid PDA 
diffusion cell is considered connected to the Liquid region of the third SDA diffusion cell, 
separated via an immobile interface (𝑉𝑠𝐿 = 0), so that the solid PDA phase can exchange mass 
with the melt without changing its fraction, as illustrated in Figure 4.10(a).  

 
(a) 



45 
 

 
(b) 

Figure 4.10. Columnar-dendritic morphology models: (a) Single-phase and (b) two-phase 
solidification. 

Simulation of two-phase columnar-dendritic solidification of Figure 4.9(d) follows a similar 
modeling approach. Initially, PDAs transverse growth of austenite and δ-ferrite is simulated 
employing the eutectic/independent ALF model. Once the interfaces become unstable (which 
can be on different time instances), the solid PDA regions are transferred into separate diffusion 
cells (maintaining their properties and solute profiles) and a second set of diffusion cells is 
considered, one for simulation of the austenitic and one for simulation of the δ-ferritic 
secondary dendrite arms, with immobile interfaces connecting each liquid region to the 
respective solid PDA cell in order to enable mass transfer. The two-phase columnar-dendritic 
simulation scheme is illustrated in Figure 4.10(b). 

Finally, simulation of the equiaxed-dendritic morphology of Figures 4.9(e),(f), for either 
single- or two-phase solidification, employs similar models to the cellular morphology. Single-
phase solidification considers a 1D diffusion cell, with a size equal to half the equiaxed grains 
spacing (EGS) due to symmetry, and a cell structure similar to either AL or FL models, while 
two-phase solidification employes the ALF model with a cell size equal to the entire equiaxed 
grains spacing (EGS). An important distinction with the cellular model is that equiaxed grains 
form based on nucleation and growth mechanisms, thus do not grow according to the PSM 
scheme analyzed in Section 2.2. Selection among the AL, ALF or FL models is based solely 
on system thermodynamics.  

4.4. Solid-state transformations 
In Section 4.2, model comparison indicated that DICTRA provides a better approximation of 
the microstructural evolution in additive manufacturing, having the ability to account for non-
equilibrium phenomena like epitaxial and competitive growth, to model in reference to 
solidification mode and morphology. In additive manufacturing, due to successive material 
deposition, melting and solidification phenomena are repeated as the heat source passes 
multiple times from all locations. From a metallurgy perspective, this behavior induces thermal 
cycling at every solidified material point. The DICTRA models are able to simulate the solid-
state transformations that follow solidification, as the material cools down. Consequently, an 
in-depth analysis of both solidification and solid phase transformations upon rapid cooling and 
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thermal cycling conditions was conducted on the ALF model, considering the prototype 
thermal cycle, as determined via heat transfer simulations described in Chapter 3, from a heat 
transfer analysis conducted by Sotiriou et al. [53], and is pictured in Figure 4.11. 

 
Figure 4.11. AM temperature history [53]. 

It was observed that the second heating cycle, due to the subsequent material deposition and 
laser pass, resulted in a complete remelting of the solidified microstructure. The full-remelting 
assumption is proved computationally in Figure 4.12(a), where above liquidus temperatures, 
the system melted and the melt was homogeneous. Additional laser passes did not result in 
melting in the examined point. Therefore, the first cycle (laser pass) was omitted in the 
solidification analysis and the thermal profile from the second pass to the end of the process 
was considered. In addition, at low temperatures below 600 °C diffusion is sluggish and thus 
the phase fractions and the composition profiles remain relatively stagnant, as displayed in 
Figure 4.12(b) from the phase fraction plateaus at low temperatures. However, significant 
numerical difficulties arise when integrating the diffusion equations, as the temperature 
decreases. For that reason, temperature sections laying lower than 600 °C, were replaced with 
an isothermal holding at 600 °C. Results using this simplified approach yielded no significant 
difference from the full approach, although they drastically decreased computational times.  In 
Figure 4.12(b) phase fraction results of the simulation with the isothermal sections 𝑓𝑖𝐼𝑠𝑜are 
compared to the corresponding results from a simulation employing the initial cooling history 
𝑓𝑖

𝐿𝑖𝑛, revealing almost exact coincidence across the temperature field. The modified 
temperature history is given in Figure 4.12(c), beginning from the second thermal cycle (C2) 
according to Simulation assumption 1 (full remelting/melt homogenized) with sections below 
600 °C being replaces with isothermal linear sections according to Simulation assumption 2 
(isothermal sections). 
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(a) (b) 

 
(c) 

Figure 4.12. Modification of temperature history for the simulation of thermal cycling: (a) 
Assume full remelting above liquidus, (b) Replace all the temperature history sections below 

600℃ with isothermal sections and (c) comparison between prototypical and simulation 
temperature histories. 

The kinetic analysis allows for the determination of spatial and temporal evolution of phase 
fractions and compositions, the presence of elemental microsegregation and the quantification 
of the freezing range, which are essential for the properties of the final product. The ALF model 
was employed to display the effects of solid-state transformations, since for all models 𝛿 → 𝛾 
takes place immediately after solidification. Exceptions are the AL model, that remains 
austenitic from the as-solidified microstructure, and FL model, where in the single δ-ferrite as-
solidified microstructure, 𝛾 nucleates and grows in the region of the last melt. To simulate this 
evolution, an inactive 𝛾 region must be placed after solidification accordingly, and austenite 
will grow according to thermodynamic indication, following in the same 𝛿 → 𝛾 transformation 
behavior. Phase fraction results of the ALF model solid-state transformations analysis are 
provided in Figure 4.13. 
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(a) (b) 

Figure 4.13. (a) Variation of the volume fraction of phases with respect to temperature. (b) 
Magnified region depicting the evolution of the volume fraction of δ-ferrite during the 

thermal cycling [53]. 

The variation of the volume fraction of phases with respect to temperature is presented in 
Figure 4.13(a), after employing the thermal history given in Figure 4.12(c), in the ALF 
diffusion model. The dashed vertical line in Figure 4.13(a) denotes the initiation of cooling in 
the second thermal cycle, where a complete cycle is comprised of a cooling stage, followed by 
a reheating stage. It should be noted that heating in the second thermal cycle resulted in total 
remelting of the material and thus results regarding the first cycle can be omitted. Upon cooling 
in the second thermal cycle, the primary δ-ferrite phase solidifies, followed by the primary γ-
austenite phase, consuming the liquid (L) phase. The growth rate of δ ferrite decreases with the 
formation of γ-austenite, and when the liquid phase is totally consumed, the γ austenite grows 
at the expense of δ-ferrite. Furthermore, hysteresis loops are formed in the volume fraction 
curves of both austenite and ferrite during subsequent thermal cycling. A magnified region, 
under the rectangular dashed area in Figure 4.14(a), is depicted in Figure 4.13(b) corresponding 
to the evolution of the volume fraction of δ-ferrite during thermal cycling. It is observed that 
upon heating in the second thermal cycle, the volume fraction of δ ferrite in part A-B remains 
constant, and then gradually increases in part B-C. Therefore, the parts A-B and B-C on the 
volume fraction curve are referred to as “stagnant” and “forward” stages, respectively [88]. A 
stagnant stage is defined by VOI values close to zero, as observed in Figure 4.14, where phase 
fractions, temperature and VOI evolve with time. During cooling in the third thermal cycle, the 
volume fraction of δ-ferrite in part C-D continues to increase. The part C-D on the volume 
fraction curve corresponds to the “inverse” stage since the volume fraction proceeds in a 
direction opposite to the temperature change. Upon further cooling in the 3rd cycle, the volume 
fraction of δ-ferrite in parts D-E and E-F evolves according to the forward and stagnant 
transformation, respectively. It is interesting to note that the volume fraction of δ-ferrite at the 
end of the cooling at each successive thermal cycle decreases, which is in accordance with the 
temperature change of the thermal cycling shown in Figure 4.11. Moreover, from Figure 4.14 
the VOI peaks decrease with each additional thermal cycle, indicating that the oscillation of 
phase fraction values will reach an equilibrium state. 
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(a) 

 
(b) 

Figure 4.14. Evolution of volume fraction, Velocity of Interface (VOI) and temperature with 
time during thermal cycling of (a) δ-ferrite and (b) austenite. 

The concentration profiles of C, Mn, Cr, Ni and Mo with respect to distance in the diffusion 
cell calculated with the ALF model at the end of the thermal cycling (sixth pass) are depicted 
in Figure 4.15(a). Partitioning of C, Mn and Ni from δ-ferrite to γ austenite takes place during 
the thermal cycling. The opposite partitioning behavior is observed for Cr and Mo. Therefore, 
at the end of thermal cycling, on the left side of the interface, the γ austenite phase is enriched 
in C, Mn, and Ni, whereas at the right side of the interface δ-ferrite is enriched in Cr and Mo. 
During the solidification, the liquid phase becomes enriched in alloying elements. However, 
due to the sluggish diffusion of the substitutional elements in the solid phases, 
microsegregation is observed in both austenite and ferrite at the end of thermal cycling. It 
should be noted that C does not exhibit a segregation profile in austenite and ferrite due to its 
higher diffusivity in these phases. 
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(a) (b) 

Figure 4.15. (a) Concentration profiles of C, Mn, Cr, Ni and Mo at the end of the thermal 
cycling. (b) Concentration profiles of Cr and Ni at the end of the cooling at each thermal 

cycle. The austenite and ferrite regions are on the left and right of the interface respectively 
[53]. 

The concentration profiles of Cr and Ni with respect to distance at the end of cooling after each 
successive thermal cycle are shown in Figure 4.15(b). It is observed that the width of both Cr 
and Ni segregation profiles decreases at each thermal cycle, indicating that the concentrations 
of Cr and Ni in austenite and ferrite become homogeneous with the passage of time as diffusion 
takes place. In addition, the γ/δ interface is being displaced to the right by the end of each 
cooling cycle, resulting in the gradual decrease of the δ ferrite volume fraction, as equilibrium 
conditions are approached. Additionally, the concentrations of Cr in ferrite and Ni in austenite, 
on the interface, decrease at the last thermal cycles, following the local equilibrium conditions. 

4.4.1. Thermal cycling simulation 
In additive manufacturing processes in order to ensure low porosity, the layer thickness is 
chosen to be on the scale of (μm). Therefore, even printing of small specimens requires fusion 
of a lot of layers. For example, to print a cube, 1cm in height, requires 1000 layers with a layer 
thickness of 10 μm. Therefore, the solidified material is subjected to thermal cycling as the heat 
source moves across layer-by-layer. Calculation of the transient temperature evolution with 
high fidelity requires in-depth modeling of the heat transfer problem, as discussed in Chapter 
3. Presently, the extended effect of thermal cycling on microstructural evolution is examined, 
employing the ALF model.  

This investigation expanded the prototype temperature history of Figure 4.11, simulating the 
printing of additional layers for 2000 s, in three approximations as presented in Figure 4.16, 
with the objective to identify the effect of multi-layer printing on the microstructure. The first 
approximation considers an expansion of the temperature history using a sinusoidal function 
and is given in Figure 4.16(a), with amplitude and frequency derived from the 6th cycle of the 
prototype profile. The second approximation includes an amplitude damping factor in the 
harmonic expansion of the first approximation, shown in Figure 4.16(c) to model for the 
additional material deposition as the printing continues, while the third approximation 
considers the isothermal approximation resulting from the evolution of the temperature cycling 
mean value (constant by definition in the present case) and is presented in Figure 4.16(e).  
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 4.16. Thermal cycling temperature history approximations and resulting δ-ferrite 
fraction evolutions: (a) Sinusoidal expansion approximation, (b) harmonic approximation 

with damping and (c) isothermal approximation at mean value of oscillation. 

In all cases, the volume fraction of δ-ferrite decreases with time, as presented in Figures 
4.16(b),(d) and (f), with the system moving towards the equilibrium status of the evolving mean 
value of cycling. Comparison is conducted in terms of δ-ferrite fractions, with austenite being 
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complementary of the system. The Harmonic Thermal Cycling, predicts the lowest δ-ferrite 
fraction of less than 5 vol%, since constant temperature range enables diffusion to accelerate 
𝛿 → 𝛾 transformation kinetics. Introduction of the damping factor in Figure 4.16(d), constitutes 
a more accurate representation of additive manufacturing, since more material is deposited 
above the reference material point, absorbing increasingly the constant amount of directed heat. 
The temperature cycling damping retards  𝛿 → 𝛾 transformation kinetics due to diffusion 
becoming increasingly sluggish under a continuously decreasing temperature range, with the 
simulation predicting a δ-ferrite fraction close to 9 vol%.  

The isothermal approximation of Figure 4.16(e) was introduced to provide a simple modeling 
alternative to the computationally demanding harmonic/damping model. The simulation 
reached a fraction of δ-ferrite very close to the prediction of Figure 4.16(d), resulting in a 
successful simplification of modeling. Resulting as-cast segregation profiles were also 
quantitatively similar. The effect of thermal cycling on the segregation of Cr and Ni is presented 
in Figure 4.17. Comparison between the as-solidified and as-cast microstructure, besides 
showing the evolution of 𝛿 → 𝛾  transformation, reveals a significant segregation of both 
elements in austenite that increases with time, as diffusion is not able to afflict effective solute 
redistribution. On the other hand, δ-ferrite is almost fully homogenized, because of its higher 
diffusivity and smaller region size. The diagrams of Figure 4.17 state the importance of solid-
state transformations and their simulation in the framework of microstructural evolution in 
additive manufacturing. Comparison of thermal multi-cycling models indicated the efficiency 
of the mean value approximation in approaching the effect of multiple thermal cycles upon 
microstructural evolution.  

  
(a) (b) 

Figure 4.17. Comparison of as-solidified and as-cast segregation profiles for harmonic 
thermal cycling with damping in ALF model. (a) Cr and (b) Ni. 

4.5. Calculation of non-equilibrium thermophysical properties 
Accurate simulation of the transient heat transfer in selective laser melting required 
development of a rapid cooling model to calculate temperature-dependent non equilibrium 
thermophysical properties. CALPHAD-based microstructural evolution models were 
employed to simulate solidification and subsequent solid-state transformations upon the 
applied temperature gradients. A prototype cooling path was considered, as calculated in [53] 
to act as a first-degree approximation of the actual cooling behavior. Multi-component and 
multi-phase, one-dimensional mass transfer calculations were performed in the DICTRA 
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module of Thermo-Calc [22], utilizing thermodynamic and mobility information provided in 
the TCFE11 and MOBFE2 databases respectively.  

A planar geometry cell with 0.5 μm length was considered as a representative elementary 
structure, accounting for the transverse evolution of the primary dendrites (cells) that constitute 
the dominant microstructural feature. Initially, the cell was comprised of a single liquid region. 
In contrast with previous attempts to describe the behavior of the benchmark AISI 316L 
[53,75], austenite was considered to be the single solidifying phase (AL model), ignoring the 
effect of ferrite in eutectic or peritectic solidification. Thus, an inactive γ-austenite region was 
modeled adjacent to the liquid and separated by a moving interface. The reasoning behind 
omitting δ-ferrite from the simulation is that under extreme cooling rates, dendritic epitaxial 
growth regulates the microstructural evolution and promotes exclusive austenite (stable in a 
lower temperature range) growth through elevated solidification velocities. The nucleation 
stage is omitted from the analysis since only diffusion-controlled transformations are 
considered in DICTRA. 

 
Figure 4.18. Temperature derivative of latent heat 𝜕𝑈𝐿(𝑇) 𝜕𝑇⁄  

Non-equilibrium thermophysical properties were predicted for a temperature range spanning 
from 27°C to 2500°C based on the calculated phase fractions and compositions from the 
DICTRA simulations using the first-degree approximation of the cooling curve. Density 𝜌, 
specific heat capacity 𝑐𝑝 and latent heat 𝑈𝐿 were computed directly from Thermo-Calc, for the 
non-equilibrium segregation profiles during cooling and then the transient thermophysical 
properties were calculated as a function of temperature by means of integration over the 
diffusion cell domains. In Figure 4.18 the temperature derivative of the latent heat is given as 
a function of temperature. The derivative was computed from changes in the enthalpy of liquid 
phase, as computed in Thermo-Calc for a system with mean compositional values of the liquid 
region in the DICTRA simulation. The latent heat was determined after numerical integration 
of its first temperature derivative that was calculated from changes in enthalpy, as given in 
Figure 4.18.  Finally, for the thermal conductivity 𝑘 the derived expressions from [55], 
extended using the specific liquidus and solidus, were incorporated in the analysis since the 
employed databases lack information regarding conductivity. The results were obtained in 
terms of terminal phase fractions and constitutions. The calculated non-equilibrium, 
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temperature/microstructure-dependent thermophysical properties for the reference 316L 
system are given in Figure 4.19. 

 
Figure 4.19. Non-equilibrium temperature/microstructure dependent thermophysical 

properties: Thermal conductivity 𝑘(𝑇), specific heat 𝑐𝑝(𝑇), density 𝜌(𝑇) and fraction of 
liquid 𝑓𝐿(𝑇). 

As the temperature drops, in all thermophysical properties there are three distinct regions that 
exhibit uniform behaviors: For temperatures below solidus, for temperatures above liquidus 
and for temperatures between solidus and liquids. The change of state that takes place during 
solidification drastically affects the thermophysical properties. In the melt state, the system 
exhibits increasing conductivity and specific heat with temperature, and a reduction of density. 
When solidification begins, the forming crystal structure leads to an increase in all properties. 
The solidified system exhibits opposite behavior of all thermophysical properties with 
temperature, compared to the melt state.  
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Chapter 5. Results and discussion 
 

5.1. SLM of benchmark AISI 316L austenitic stainless steel 
Selective laser melting was simulated following an integrated methodology that involved heat 
transfer calculations coupled with microstructural evolution models to capture the 
microstructural evolution of the benchmark AISI 316L [12] stainless steel specimen. 
Temperature contour plots throughout the building process are given in Figure 5.1. The heat 
source is moving left to right, melting the powder layer. During the cooling period, as seen in 
Figures 5.1(c), (f), the temperature quickly homogenizes and then the next layer begins. Above 
the building layer -with dark blue color- are the quiet elements. This process repeats until the 
built is complete. Temperature results for three middle material points at different built heights 
are presented in Figure 5.1(a). Every material point is subjected to melting and rapid cooling 
followed by a thermal cycling behavior which culminates in slow cooling to ambient 
temperature after the end of the process. It is evident that under the given process parameters, 
each node melted and solidified twice, enabling joining of the deposited material with the 
previous layers.  

  
(a) (b) 

  
(c) (d) 
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(e) (f) 

Figure 5.1. Evolution of temperature history in the wall: (a), (b), (d), (e) Heating stages and 
(c), (f) cooling stages. 

Initially, heat accumulation takes place upon subsequent laser passes, as the boundary 
conditions cannot remove heat efficiently, as indicated by the rise of the minimum thermal-
cycle temperatures. However, after 520°C a steady decrease is noticed. Modeling provided 
several insights as well, regarding short-lived and transient heat transfer phenomena taking 
place during printing. In Figure 5.2(b), the first thermal cycle for central node 2852 (N2858) is 
presented. Notice that ambient-temperature powder is subjected to pre-heating, due to heat 
influx from the previously built layer that has an elevated temperature. Recalescence -the effect 
of latent heat on the temperature profile- appears, controlling the heating rate during melting 
and cooling rate during solidification. Moreover, each cooling stage exhibits a change of rate, 
from rapid cooling initially, to a very gradual cooling controlled by heat dissipation via the 
boundary surfaces. This is signified by conduction within the specimen, transferring heat more 
efficiently than free-surface areas can reject toward the environment. Evidently, the built 
specimen becomes saturated in heat (no internal temperature gradients) and thus the total rate 
of cooling decreases. At this stage the temperature profiles of all material points coincide, as 
observed in Figure 5.2(a). 

  
(a) (b) 

Figure 5.2. Temperature history results: (a) Spatial comparison and (b) first temperature cycle 
node 2858. 
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Figure 5.3(a) shows a detail in the temperature history of node 2852, concentrating on the 
second temperature cycle (designated C2). The first important detail is that before the heat 
source hits the material point, the material exhibits a damping in temperature, due to heat 
transfer directed upwards, towards the cold deposited powder. In the following heating stage, 
the material melts, achieving temperatures higher than liquidus, thus ensuring effective 
incorporation as discussed in Chapter 3. Then during the cooling stage, there are two 
disturbances in the cooling rate: The first is due to the recalescence effect of the material in the 
elements below the present node 2858, where the absorption of excess heat by solidification 
reduces the cooling rate. The second disturbance coincides with the solidification of the 
material in the elements above node 2858, causing an additional damping in the cooling rate 
due to recalescence. 

  
(a) (b) 

 
(c) 

Figure 5.3. Effect of latent heat (recalescence) below the melt pool: (a) Close to the melt pool 
periphery, (b) one layer thickness away and (b) two layers away. 

In Figure 5.3(b), the material does not melt or solidify, however two disturbances are also 
present in the cooling path, corresponding to solidification of above and next from above 
layers. Finally, this phenomenon fades completely at the fourth thermal cycle, as pictured in 
Figure 5.3(c). In addition, in all thermal cycles a slight drop in temperature is observed prior to 
heating commence, corresponding to deposition of the new powder layer, which is heated by 
the hot substrate, lowering the temperature of the layers below, according to Figure 5.3(a). 

The temperature profile of node 2852, a central node on the mesh, was employed as a 
representative example, to calculate the microstructural evolution.  Since the diffusion cell 
consists of austenite as the single solid phase, the solidification path in Figure 5.4(a) does not 
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exhibit cyclic behavior as observed in δ-ferrite-containing systems [53]. However, a decrease 
in the solidus temperature compared to thermodynamics, at 1300.4 °C due to diffusion, leads 
to an increase of the freezing range by almost 70 °C in comparison to the model used for the 
thermophysical properties calculations, with the additional range covering less than 1% of 
solidification. Interestingly, this behavior could not be simulated with the limit case of Scheil-
Gulliver approach as described in [53], due to simulation termination criteria. 

  
(a) (b) 

 
(c) 

Figure 5.4. Microstructural analysis results: (a) Austenite fraction evolution with respect to 
temperature and (b), (c) alloying elements segregation profiles. Dashed lines correspond to 

post-solidification and full line to end of process profiles. 

Finally, Figures 5.4(b)-(c) illustrate the evolution of microsegregation profiles after the 
solidification (dashed lines) and up to the end of the process (solid lines). Cr and Mo tend to 
transfer away from austenite and segregate to the dendrite walls, in accordance with [53,75]. 
A decrease in segregation is observed for all alloying elements as the effect of thermal cycling 
upon subsequent laser passes for the deposition of new layers. Chromium microsegregation 
results are similar to values provided by EDS experimental information conducted in [12], 20-
22 wt% Cr in a region near the cell wall and 17 wt% Cr towards the cell core. The resulting 
microstructural information together with the temperature history can be provided as input for 
a mechanical analysis in order to calculate the residual stress field as well as the terminal 
mechanical properties of as-built AISI 316L SLM products. 
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Chapter 6. Conclusions and future work 
 

The objective of the present thesis was to achieve an insight in the phenomena that determine 
the microstructural evolution of austenitic stainless steels in additive manufacturing. 
Summarizing, the following remarks can be made: 

• Thermodynamics and kinetics of solidification in austenitic stainless steels were 
investigated. A distinction between eutectic and peritectic solidification modes was 
made, as both have been observed in AM studies. 

• The effects of the cooling rate on the microstructural evolution were determined and 
transition criteria for solidification mode and morphology were established using the 
KGT dendrite growth theory. 

• A 2D heat transfer modeling methodology was developed both for powder bed (PB) 
and powder deposition (PD) additive manufacturing techniques taking into account the 
effect of material powder, accounting for the phase transitions, latent heat, forced 
convection anemometry and Marangoni flow in the melt pool.  

• Transient heat transfer analysis employed non-equilibrium thermophysical properties 
to calculate temperature profiles with high fidelity. 

• Solidification and solid-phase transformations upon rapid cooling and thermal cycling, 
were studied via ICME tools including equilibrium analysis, Scheil-Gulliver and multi-
component diffusion simulations. Phase fractions and composition profiles were 
calculated as a function of time, allowing the determination of the non-equilibrium 
solidus temperature, the freezing range, as well as the presence of elemental 
segregation. 

• A CALPHAD modeling framework of solidification and solid-state transformations 
upon thermal cycling was developed, to consider the variance in solidification type 
(alloy composition), cooling rate (from the electric arc to laser beams) and growth 
mechanism (epitaxial growth, nucleation and growth). 

• An integrated methodology of modeling and simulation of SLM in a benchmark 316L 
austenitic stainless steel was established. The diffusion model determined the 
microstructural constitution in accordance with literature experimental results. 

The following suggestions for future research may be considered, based on the results of the 
present study: 

• Validation of the entire spectrum of microstructural evolution models presented via in-
situ measurements of phase fractions and spatial/temporal distribution of alloying 
elements, in order to experimentally verify the transition boundaries among the 
modeling options. 

• 3D expansion of the heat transfer model to include scanning strategy, hatch spacing and 
other additive manufacturing building parameters in the modeling. 

• Investigation of the transient temperature field inside the melt pool to study the 
morphology transitions. 

• Explore alternate modeling options (e.g., phase-field) for the simulation of the 
microstructural evolution within an ICME framework to work towards sustainable 
microstructure prediction tools for AM applications. 
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